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Abstract
Ti-Nb alloys are characterized by a diverse metallurgy which allows obtaining a wide palette
of microstructural configurations and physical properties via careful selection of chemical com-
position, heat treatment and mechanical processing routes. The present work aims to expand
the current state of knowledge about martensite forming Ti-Nb alloys by studying 15 binary Ti-
cNbNb (9 wt.% 6 cNb 6 44.5 wt.%) alloy formulations in terms of their structural and mechanical
properties, as well as their thermal stability.
The crystal structures of the martensitic phases, α′ and α′′, and the influence of the Nb con-
tent on the lattice (Bain) strain and on the volume change related to the β → α′/α′′ martensitic
transformations are analyzed on the basis of Rietveld-refinements. The magnitude of the shuf-
fle component of the β → α′/α′′ martensitic transformations is quantified in relation to the
chemical composition. The largest transformation lattice strains are operative in Nb-lean alloys.
Depending on the composition, both a volume dilatation and contraction are encountered and
the volume change may influence whether hexagonal martensite α′ or orthorhombic martensite
α′′ forms from β upon quenching.
The mechanical properties and the deformation behavior of martensitic Ti-Nb alloys are stud-
ied by complementary methods including monotonic and cyclic uniaxial compression, nanoinden-
tation, microhardness and impulse excitation technique. The results show that the Nb content
strongly influences the mechanical properties of martensitic Ti-Nb alloys. The elastic moduli,
hardness and strength are minimal in the vicinity of the limiting compositions bounding the
interval in which orthorhombic martensite α′′ forms by quenching. Uniaxial cyclic compressive
testing demonstrates that the elastic properties of strained samples are different than those of
unstrained ones. Also, experimental evidence indicates a deformation-induced martensite to
austenite (α′′ → β) conversion.
The influence of Nb content on the thermal stability and on the occurrence of decomposition
reactions in martensitic Ti-Nb alloys is examined by isochronal differential scanning calorimetry,
dilatometry and in-situ synchrotron X-ray diffraction complemented by transmission electron
microscopy. The thermal decomposition and transformation behavior exhibits various phase
transformation sequences during heating into the β-phase field in dependence of composition.
Eventually, the transformation temperatures, interval, hysteresis and heat of the β ↔ α′′ marten-
sitic transformation are investigated in relation to the Nb content.
The results obtained in this study are useful for the development and optimization of β-
stabilized Ti-based alloys for structural, Ni-free shape memory and/or superelastic, as well as
for biomedical applications.
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Kurzzusammenfassung
Ti-Nb Legierungen zeichnen sich durch eine vielfa¨ltige Metallurgie aus, die es nach sorgfa¨ltiger
Auswahl der chemischen Zusammensetzung sowie der thermischen und mechanischen Prozes-
sierungsroute ermo¨glicht eine große Bandbreite mikrostruktureller Konfigurationen und physi-
kalischer Eigenschaften zu erhalten. Das Ziel der vorliegenden Arbeit ist es den gegenwa¨rtigen
Wissensstand u¨ber martensitbildende Ti-Nb Legierungen zu erweitern. Zu diesem Zweck werden
15 bina¨re Ti-cNbNb (9 Gew.% 6 cNb 6 44.5 Gew.%) Legierungen hinsichtlich ihrer strukturellen
und mechanischen Eigenschaften sowie ihrer thermischen Stabilita¨t untersucht.
Die Kristallstrukturen der martensitischen Phasen, α′ und α′′, sowie der Einfluss des Nb-
Gehalts auf die Gitterverzerrung (Bain-Verzerrung), auf die Verschiebungswellenkomponente
(Shuﬄe-Komponente) und auf die Volumena¨nderung der martensitischen β → α′/α′′ Trans-
formationen werden anhand von Rietveld-Verfeinerungen analysiert. In Abha¨ngigkeit des Nb-
Gehalts tritt entweder eine Volumendilatation oder -kontraktion auf, die bestimmen ko¨nnte ob
hexagonaler Martensit α′ oder orthorhombischer Martensit α′′ aus β bei Abku¨hlung gebildet
wird.
Die mechanischen Eigenschaften und das Verformungsverhalten martensitischer Ti-Nb Legie-
rungen werden mit einer Reihe komplementa¨rer Methoden (monotone und zyklische einachsige
Druckversuche, Nanoindentation, Mikroha¨rte, Impulserregungstechnik) untersucht. Die Ergeb-
nisse zeigen durchgehend, dass die mechanischen Eigenschaften martensitischer Ti-Nb Legierun-
gen stark vom Nb-Gehalt beeinflusst werden. Die mechanischen Kennwerte sind minimal in der
Na¨he der Zusammensetzungen, innerhalb derer β → α′′ bei Abku¨hlung auftritt. Aus Druckver-
suchen geht hervor, dass die elastischen Eigenschaften verformter Proben verschieden zu denen
unverformter sind. Die experimentellen Ergebnisse weisen außerdem auf eine verformungsin-
duzierte Umwandlung von Martensit in Austenit (α′′ → β) hin.
Der Einfluss des Nb-Gehalts auf die thermische Stabilita¨t und das Auftreten von Zerfallsreak-
tionen in martensitischen Ti-Nb Legierungen wird anhand von dynamischer Differenzkalorime-
trie, Dilatometrie, und in-situ Synchrotronro¨ntgenbeugung in Kombination mit Transmissionse-
lektronenmikroskopie untersucht. Das thermische Zerfalls- und Umwandlungsverhalten ist durch
das Auftreten einer Vielzahl von in Abha¨ngigkeit des Nb-Gehalts unterschiedlichen Phasentrans-
formationssequenzen gekennzeichnet. Abschließend werden die Transformationstemperaturen
und -wa¨rmen, das Transformationsinterval und die thermische Hysterese der martensitischen
β ↔ α′′ Umwandlung untersucht.
Die Ergebnisse dieser Arbeit sind fu¨r die Entwicklung und Optimierung β-stabilisierter Ti-
Legierungen fu¨r strukturelle und biomedizinische Anwendungen sowie Ni-freier Komponenten,
die Formgeda¨chtniseffekt und/oder Superelastizita¨t aufweisen, von Nutzen.
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Symbols and abbreviations
List of symbols
Symbol Explanation Unit
aα′ , cα′ Lattice parameters of the hcp martensite α
′ m
aα′′ , bα′′ , cα′′ Lattice parameters of the orthorhombic martensite α
′′ m
aA, aM , bM Lattice parameters of austenite and martensite m
aβ Lattice parameter of the bcc β-phase m
aω, cω Lattice parameters of the ω-phase m
As, Af Start and finish temperature for austenite formation °C or K
B Deformation gradient (Bain tensor) –
c, c0, ..., c6 Solute contents wt.% or at.%
cα, cβ,cω Equilibrium solute contents of α, β and ω wt.% or at.%
cNb Nb content in wt.% wt.%
e/a Effective number of valence electrons per atom based on
the total number of s plus d electrons in the free atom
configuration
–
εMT Transformation (lattice) strain related to a martensitic
phase transformation
–
ε Uniaxial strain –
εan Anelastic strain –
εel Purely elastic strain –
εtotalel Total elastic strain ε
total
el = εel + εan –
εpl Plastic strain –
εSE Superelastic strain consisting of ε
total
el and the strain of
martensite reversion
–
εSM Shape memory strain –
η1, η2, η3 Principal lattice strains of a martensitic transformation –
E Young’s modulus Pa
El Loading modulus Pa
Eun Unloading modulus Pa
Esecant Secant modulus Pa
G Shear modulus Pa
G, Gα, Gβ,
Gα
′′
, Gω
Free enthalpy (Gibb’s free energy), free enthalpy of α, β,
α′′ and of ω
J/mol
iii
iv
∆G Free enthalpy change J/mol
HV Vickers hardness Pa
H, ∆H Enthalpy, enthalpy change J/mol−→
k Wave vector 1/m
λ X-ray wavelength m
m Specimen mass kg
Ms, Mf Start and finish temperature for martensite formation °C or K
v Poisson’s ratio –
p Hydrostatic pressure Pa
Q Magnitude of the diffraction vector 1/m
Q−1 Loss factor –
S Elastic compliance 1/Pa
Sl Elastic compliance of the loading modulus El 1/Pa
Sun Elastic compliance of the unloading modulus Eun 1/Pa
S, ∆S Entropy, entropy change J/(mol·K)
σ Mechanical uniaxial stress Pa
σoffset0.2 0.2% offset yield strength Pa
σcyclic0.2 0.2% yield strength determined by cyclic loading-unloading Pa
σmax Maximum stress of a loading-unloading sequence Pa
t, w, l Specimen thickness, width and length m
−→u , −→u0, u0 Displacement vectors, displacement amplitude m
T , ∆T Temperature, temperature difference °C or K
T0 Temperature at which the free enthalpies of two phases are
equal for a given composition
°C or K
Tq Quench end temperature °C or K
T
α/β
transus Transus temperature separating the single β-phase field
and the α+ β two phase region
°C or K
U Internal energy J/mol
V , ∆V Volume, volume change m3/mol
vα′ , vα′′ , vβ Atomic (specific) volumes in α
′, α′′ and β m3
W , ∆W Stored mechanical energy, amount of energy dissipated in a
mechanical hysteresis loop
J/m3
~x, ~x′ Real space vectors m
xNb Nb content in at.% at.%
y, z Fractional coordinates –
〈uvw〉, {hkl} Family of crystallographically equivalent directions and
planes
–
[uvw], (hkl) Specific crystallographic direction and plane –
〈uvtw〉,
{hkil}
Family of crystallographically equivalent directions and
planes in the 4-axes 4-index notation for hexagonal lattices
–
[uvtw],
(hkil)
Specific crystallographic direction and plane in the 4-axes
4-index notation for hexagonal lattices
–
vList of abbreviations
Abbreviation Explanation
A Austenite
α Hcp α-phase
α′ Hcp martensite α′
α′′ Orthorhombic martensite α′′
α′′lean Nb-depleted α
′′
α′′rich Nb-enriched α
′′
β Bcc β-phase
β0 β-phase formed athermally by martensite reversion
bcc Body centered cubic
CGHE Carrier gas hot extraction
DSC Differential scanning calorimetry
EDM Electrical discharge machining
EDX Energy dispersive X-ray spectroscopy
hcp Hexagonal close packed
HQ Homogenized and water quenched, homogenization and
water quenching
IET Impulse excitation technique
LM Light microscopy
M Martensite
ICP-OES Inductively coupled plasma - optical emission spectroscopy
ω ω-phase
ωath Athermal ω-phase
ωiso Isothermal ω-phase
RT Room temperature
SAED Selected area electron diffraction
SD Standard deviation
SE Superelasticity, superelastic
SEM Scanning electron microscopy
SM Shape memory
STQ Solution treated and water quenched, solution treatment
and water quenching
SXRD Synchrotron X-ray diffraction
TEM Transmission electron microscopy
WQ Water quenched, water quenching
XRD X-ray diffraction
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1 Introduction and objectives
Titanium and its alloys provide the basis for a large number of already highly successful and
prospective applications in the fields of biomedicine and aeronautics [1–3]. Significant progress
has been made in the last 20 years in furthering the general understanding of the process-
ing–structure–property relationship of these materials leading to their continuously broadening
technological use. Many of the properties of Ti and its alloys are derived from the allotropic
structural change of Ti at 882°C from the high temperature body-centered-cubic (bcc) β-phase
to the hexagonal-close-packed (hcp) α-phase at low temperature. The complexity and variety
of phase transformations found in these alloys offer a broad spectrum of microstructural config-
urations for structural and functional materials for biomedical and aviation purposes [1–5].
The present work aims to expand the current state of knowledge on Ti-Nb alloys by investi-
gating the occurrence of phase transformations in and the mechanical properties of martensite
forming binary alloys of the Ti-Nb system. This alloy system is an important prototype system
which establishes the basis for several application-relevant alloy formulations [6–9]. The class of
metastable β-isomorphous Ti-alloys, to which the alloys studied in the present work belong, is
characterized by a rich and diverse metallurgy. This allows manipulation of their microstruc-
tures and physical properties across a wide range via careful selection of stoichiometry, heat
treatment and mechanical processing routes [2, 4]. Metastable β-isomorphous Ti-alloys, and in
particular those based on the Ti-Nb system, attract an ever increasing attention in the current
development of advanced metallic materials for hard tissue replacement and repair as well as in
the search for novel Ni-free Ti-based superelastic (SE) and shape memory (SM) alloys [10–12].
Certain compositions of these alloys display a low Young’s modulus E below 80 GPa after rapid
cooling, which provides suitable starting points for the development of novel alloys exhibiting
low E for load-bearing implant applications. These require materials with E close to that of
human bone (Ebone 6 30 GPa) in order to reduce the resorption of bone in the vicinity of the
implant [8, 9, 13]. Moreover, the thermoelastic martensitic transformation between the bcc β-
phase and the orthorhombic martensite α′′ in β-isomorphous Ti-alloys gives rise to the SM effect
and superelasticity (SE) [11, 12, 14] which are widely used nowadays in a host of TiNi-based
biomedical tools and devices [15, 16].
Among all β-stabilized Ti-alloy systems, the Ti-Nb system and the alloys derived from it
receive the major attention of the on-going research efforts in the field of metallic biomaterials
for a number of reasons, including: (i) Promising mechanical properties, in particular a low
Young’s modulus E < 70 GPa in compositions containing ≈ 14 wt.% and ≈ 40 wt.% Nb [17–21]
(ii) excellent corrosion resistance leading to a reduced ion release in the human body and good
biocompatibility of Ti and Nb in their bulk states [5] (iii) excellent deformability which is of
1
2 1. Introduction and objectives
great interest for the shaping of parts by forming processes [11].
In the 1980ies, β-type Ti-Nb alloys were in the center of the development of superconductor
strands [22]. Interest in the Ti-Nb system was revived in the late 90’s, when the first multicom-
ponent Ti-Nb-based alloys of β-type were developed for orthopedic implant applications [8, 23].
Most of the recent studies seek to lower the Young’s modulus E by alloying and/or well-directed
texture formation or to ameliorate the SE or SM properties in these ways and with additional
precipitation and/or grain size strengthening [12, 24–31].
Despite the extensive body of literature that has developed in the last two decades and its
seemingly simple phase diagram [32], the Ti-Nb system provides many challenges of scientific,
technological and industrial interest. While alloys containing ≈ 40 wt.% Nb have been widely
studied for their low Young’s modulus as well as their SE and SM properties, no detailed in-
vestigation of martensitic alloys containing < 40 wt.% Nb were reported, despite the fact that
some martensitic Ti-Nb alloys display interesting mechanical properties, e.g. a Young’s modulus
similarly low as in metastable β-forming Ti-Nb alloys ([17–21] and Tab. 1.1).
Important aspects of the martensitic Ti-Nb alloys that require detailed studies include, but
are not limited to:
 Structural features: The lattice strains and the volume change associated with the
martensitic transformation of the austenitic β-phase into the martensites α′ and α′′ and
their dependence on the Nb content are important features of the martensitic β ↔ α′/α′′
transformations. Equally important are the atom coordinates inside the unit cell of the
orthorhombic martensite α′′ and their variation with Nb content. The formation of marten-
sitic microstructures is governed by the minimization of the elastic strain energies arising
from the transformation lattice (Bain) strain, the volume change and the atomic coherency
of interfaces separating individual martensite variants as well as martensite and austen-
ite volumes. Knowledge of these factors is essential in order to correlate the martensitic
microstructures with the martensite crystal structure. Moreover, since the orthorhombic
martensite α′′ represents an intermediate crystal structure between the hexagonal close
packed (hcp) α and the bcc β-phases, knowledge of the atom locations may provide cru-
cial clues to better understand the stabilization process of the β-phase in Ti alloys by
β-stabilizing elements.
 Mechanical behavior: Very little is known about the mechanical behavior of martensitic
Ti-Nb alloys. Early studies about the mechanical properties of Ti-Nb alloys came up
around 1960 [17, 33]. While investigations in the following decades focused on fully β-
alloys, due to their superconducting properties [22, 34], since about the year 2000 binary
and multicomponent Ti-Nb alloys with Ms close to room temperature (RT) are in the
research focus. These alloys exhibit promising properties for applications in biomedical
implants [5, 12, 24, 35, 36] and binary Ti-Nb alloys of this type contain ≈ 40 wt.% Nb.
In strong contrast, the deformation behavior of Nb-lean alloys with entirely or almost
entirely martensitic α′ or α′′ microstructures is nearly unexplored. In fact, very little is
known about the mechanical properties of fully martensitic Ti-Nb alloys with Ms > 150°C.
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These compositions may be of practical interest for the medical device industry due to the
fact that they can display similar mechanical properties like single β-phase Nb-rich alloys
but at a much lower density and cost (due to the reduced Nb content) [17–21, 30]. It was
reported that at ≈ 15 wt.% Nb the Young’s modulus of quenched martensitic alloys is at a
minimal value of E = 59–72 GPa [17, 20, 21]. The elastic and plastic deformation behavior
of martensitic Ti-Nb alloys in terms of uniaxial stress-strain curves is largely unknown.
 Thermal stability: The question about the occurrence of thermal instabilities and the
decomposition of martensitic and partially martensitic Ti-Nb alloys is insufficiently ad-
dressed by the current state of research. The information available in the literature refers
to a large part to a few alloy compositions and processing parameters. But a systematic
knowledge of the phase transformations and the precipitation reactions occurring upon
heating and the role of the Nb content on these processes will be very beneficial for the
development of improved heat treatment protocols of martensitic and partially martensitic
Ti-Nb alloys. Furthermore, important characteristic thermal parameters of the martensitic
β ↔ α′′ transformation such as the undercooling, the thermal hysteresis, the transforma-
tion interval as well as the associated heat exchange have so far not been studied despite
their fundamental nature.
The present thesis therefore addresses the three fundamental aspects stated and aims to con-
tribute to the understanding of the structural properties, mechanical behavior and thermal
stability of martensitic Ti-Nb alloys. The findings obtained in this work should help to gain an
expanded knowledge of various metallurgical processes in Ti-Nb alloys and thus aid in developing
novel materials with improved properties based on this alloy system.
1.1 Current trends in the development of β-stabilized Ti-alloys
The eponymous characteristic of β-stabilized Ti-alloys is a β-transus temperature T
α/β
transus, which
is lower than its value of 882°C in elemental Ti. Chemical elements that reduce T
α/β
transus when
alloyed to Ti are termed β-stabilizers and correspondingly those that raise T
α/β
transus are designated
α-stabilizers. In a simple scheme, the resulting equilibrium phase diagrams can be divided into
different categories depending on the extent of solubility of the solute element in the β- and
α-phases [4, 37], as shown in Fig. 1.1.
Based on this scheme α-stabilized phase diagrams are subdivided into those with peritectic and
such with β-peritectoid character. β-stabilizers are subdivided into β-eutectoid, β-isomorphous
and α − β-isomorphous elements, depending on the degree of solubility in β-Ti and α-Ti. β-
stabilizers that show limited solubility in β-Ti with the presence of intermetallic phases at high
β-stabilizer content lead to β-eutectoid phase diagrams. Elements, such as Zr and Hf [37], which
exhibit complete solubility both in β-Ti and α-Ti are termed α − β-isomorphous. Elements
which exhibit complete and almost complete solubility in β-Ti, but limited solubility in α-Ti,
are termed β-isomorphous. Among the group of β-isomorphous elements, there are those which
exhibit full solubility in the β-phase (Nb, Ta) [2, 32] and such that bring about a stable β
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Figure 1.1: Classification scheme of equilibrium phase diagrams of binary Ti alloys. The
symbols α, β, γ and L represent the α-phase, β-phase, an intermetallic compound and the
liquid phase, respectively. (Adapted from [4, 37])
miscibility gap resulting in a monotectoid type of phase diagram (V, Mo, W) [2].
The group of alloy systems mentioned last, the β-isomorphous systems, are at the center of
the current developments of β-stabilized Ti-alloys for load-bearing and functional biomedical
implant components. In recent years, a large number of research groups have produced various
β-stabilized Ti-based alloys, among which Ti-Nb-based, Ti-Mo-based, Ti-Ta-based and Ti-Zr-
based alloys have been studied most intensively. The strongest attention was and is still given to
Ti-Nb alloys and alloy formulations based on this system. These developments aim at two kinds
of biomedical fields of application: (i) low-modulus load-bearing bone replacing or supporting
implants and (ii) the use as Ni-free SE and/or SM alloys [1, 3, 5, 8, 9]. An overview of the recent
developments of the research on Ti-Nb based alloys focusing on the SE and SM properties can
be gained from [11, 12]. Tables 1.1 and 1.2 list some of the recent β-stabilized Ti-based alloys
which were developed after the year 2000 and studied with respect to one of the two purposes
stated above.
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For load-bearing applications, one aim is to reduce the Young’s modulus E of the implant
materials to match the modulus of human bone (Ebone 6 30 GPa [3, 8, 54]) in order to reduce
the resorption of bone tissue in the vicinity of the implant [13]. At the same time, a loss
of strength must be avoided in order to provide a balance between low elastic modulus and
sufficient strength. In the field of Ni-free SE and/or SM alloys the current aim is to increase the
SE and SM strains (εSE and εSM , respectively), because in binary β-isomorphous alloys these
strains are lower (Table 1.2 and Section 4.3.2) than in TiNi-based alloys (up to 10.5% for the
B2→ B19′ martensitic transformation [70]). εSE denotes the total strain recovered on unloading
during a SE cycle and is given by the sum of the total elastic strain and the strain originating
from the stress-induced martensite reversion. εSM is the strain recovered upon heating a SM
alloy above the austenite finish temperature Af after prior deformation in the martensitic state.
Another important issue is the cyclic stability (functional fatigue life) of the SE and SM behavior
in β-stabilized Ti-alloys, which is often rather limited in the unprocessed, non-optimized state.
For both fields of application the general approach consists of modifying the alloy composition
by adding alloying elements which lower E or increase the transformation lattice strains (which
determine the SE and SM strains as discussed in Section 2.2.2). Selection of the alloying elements
is affected by two factors: (i) the elements’ influence on the mechanical and functional properties
and (ii) their biocompatibility. Only few chemical elements meet the requirement of biocompat-
ibility. Among these are Ti, Zr, Nb, Sn, Ta, Au, Ru, and potentially Hf and Re [5]. Thus, in
practice one arrives often at a trade-off between enhancing the mechanical/functional properties
and sacrificing biocompatibility. However, in recent years there has been a strong drive in the
research community to develop natively biocompatible Ti-alloys without any harmful elements.
Most alloys listed in Tabs. 1.1 and 1.2 are synthesized via casting methods combined with a
solution treatment in the β-phase field followed by quenching (STQ). In doing so, metastable
states composed of β, the martensitic phases α′ and α′′ or a combination of them are obtained.
The vast majority of the newly developed low-modulus alloys exhibit microstructures mainly
consisting of metastable β-phase. Very recently a first quaternary martensitic low-modulus Ti-
Nb based alloy exhibiting E ≈ 41 GPa was produced ([48] and Tab. 1.1). Optimization of the
crystallographic texture by cold-working, such as rolling, allows reduction of E and/or increasing
the effective transformation strains in specific directions of the workpiece [11, 12, 24, 26, 27, 40,
55]. For this reason, most of the alloys listed in Tabs. 1.1 and 1.2 are mechanically processed.
The STQ state of martensitic as well as of β-forming Ti-alloys exhibits the lowest E, but also
the lowest strength [17, 18].
In order to increase the strength of the β-phase in low-modulus and in SE alloys, solute
strengthening by alloying [25, 29, 58, 59] and strengthening by controlled precipitation of α
and ω particles are employed [10, 56, 60, 61, 63, 71]. The interstitial solutes, O and N, have a
two-fold effect: On the one hand, they very effectively increase the yield strength of β and at
the same time they suppress the martensitic β → α′′ transformation [29, 58, 59] by inducing
martensite-like nanodomains that prevent long-range transformation of β to α′′. The O-added
state has been shown to exhibit features characteristic of strain glass [72]. To this date, the
largest superelastic strain (εSE ≈ 7%) in Ni-free β-stabilized Ti-alloys has been reported in
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recently developed Ti-61Zr-2Mo-5Sn and Ti-34.1Zr-14.5Nb-3.7Sn alloys [65, 67].
1.2 Outline of the thesis
The organization of the thesis is as follows:
 Chapter 1 presents a general literature review and the objectives of the dissertation. It
includes a description of the current trends of the research on β-stabilized Ti-alloys.
 Chapter 2 introduces the reader with common classes of phase transformations and with
martensitic transformations in particular. On the basis of the Ti-Nb system, an overview
of the phases, their crystal structures and possible phase transformation and reactions in
β-isomorphous alloys are illustrated. Special emphasis is placed on Ti-Nb alloys.
 Chapter 3 presents the alloy synthesis routes, the experimental conditions and the char-
acterization methods used in the framework of this work.
 Chapters 4, 5 and 6 present and discuss the results that were obtained in this work. First,
in Chapter 4 the crystal structures of the martensitic phases α′ and α′′ and the influence of
the Nb content on the lattice (Bain) strain as well as the volume change associated with the
β → α′/α′′ transition are examined on the basis of Rietveld-refinements of X-ray diffraction
(XRD) data. Subsequently, in Chapter 5 the mechanical properties and the deformation
behavior of martensitic Ti-Nb are studied and discussed, where emphasis is put on the effect
of pre-straining on the elastic properties and recoverable elastic and anelastic strains. This
is followed by a systematic investigation of the phase transformations and precipitation
reactions occurring in martensitic and partially martensitic alloys during thermal cycling
in Chapter 6. The thermal decomposition of the orthorhombic martensite α′′ is examined
using in-situ synchrotron X-ray diffraction (SXRD) and the transformation temperatures
and heat exchange related to the β ↔ α′′ martensitic transition are quantified.
 Chapter 7 summarizes the most important conclusions developed in this thesis and presents
potential directions for future studies.
2 Fundamentals of the physical metallurgy of
β-isomorphous Ti-alloys
2.1 Chapter overview and aims
This chapter gives an overview and presents the current state of knowledge of phase transfor-
mations in the solid state and the underlying phases in Ti-Nb alloys. It aims to introduce the
reader to the necessary background information on which the investigations and analyses in this
study (Chapters 4 - 6) are based on.
A general classification scheme of first-order phase transformations [4] is presented focusing on
the distinction between diffusional reconstructive and athermal displacive transformations. The
characteristic features and the unique thermodynamic, (micro)structural and functional aspects
of martensitic transformations, and of thermoelastic martensites in particular, are examined.
Subsequently, the phases occurring in β-isomorphous Ti-alloys, their crystal structures and con-
ditions of formation are illustrated on the basis of the Ti-Nb system. The chapter closes with
an overview of deformation mechanisms in martensitic microstructures.
2.2 Phase transformations in β-isomorphous Ti-alloys
2.2.1 Classification of phase transformations in solids
A phase transformation is a change of a portion of a system between two states of distinctive
and reproducible structure and composition. These states are called phases and two such phases
in a given system can be distinguished from each other if they exhibit distinctively different
physical properties, structure or composition. [4, 73]
Phase transformations are ubiquitous in nature and are of immense technological importance
as they are at the core of the development of materials with novel properties as well as of the
improvement of materials already in use across all material classes. Phase transformations can
be classified based on: a) thermodynamic aspects, b) the mechanisms of atom transfer across
the transformation front and c) kinetic criteria [4].
a) Classification based on thermodynamics
From a thermodynamic viewpoint, phase transformations can be classified according to the
behavior of the first derivatives of the free enthalpy (Gibb’s free energy)
G(T, p) = U − TS + pV (2.1)
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at the transformation. U is the internal energy, T the absolute temperature, S the entropy, p
the external hydrostatic pressure and V the volume of the system. In the present discussion, the
two external parameters the free enthalpy depends on are the temperature T and the hydrostatic
pressure p. The first derivatives of G with respect to these parameters give the entropy and the
volume
∂G
∂T
= −S and ∂G
∂p
= V. (2.2)
If additional energy contributions arise from external magnetic, electric or uniaxial stress fields,
the corresponding terms add to the right side of Eq. 2.1. If two or more phases exist in a system,
then in thermodynamic equilibrium the phase exhibiting the lowest free enthalpy is formed.
[4, 73]
At a first-order transformation the free enthalpy G, entropy S, enthalpy H = U + pV and
volume V vary as schematically illustrated in Fig. 2.1. In this figure temperature T is the external
parameter. In Fig. 2.1a the free enthalpy curves of two phases, denoted α and β, are drawn as
a function of temperature. At the temperature T0 the free enthalpies of α and β are equal and
at any temperature the phase with the lower free enthalpy forms. Thus, the system adopts the
configuration of phase α below T0 and of phase β above T0. At T0, where the transformation
occurs, the first derivatives of the free enthalpy in Eq. 2.2 exhibit discontinuities, as illustrated in
Fig. 2.1b. Correspondingly, there is a discrete entropy change ∆S and volume change ∆V at the
transformation. Associated with the entropy change ∆S is the enthalpy change ∆H = ∆S/T0
which corresponds to absorbed or released latent heat. [4]
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Figure 2.1: Schematic illustration of (a) the free enthalpy G and (b) of the entropy S,
enthalpy H and volume V at a first-order temperature-induced transformation.
In contrast, in a second-order transformation the above mentioned quantities vary continu-
ously as the parent phase evolves into the product phase and do not exhibit discontinuities.
Examples for this type of behavior are ferromagnetic and superconducting transitions. This
class of transformations has not been encountered in the present work and thus is not of signif-
icance for the further development of the thesis topic. However, it is mentioned at this point to
provide a more comprehensive picture and clearer differentiation of the features characteristic
of martensitic transformations.
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The discrete, in other words discontinuous, nature of the above mentioned thermodynamic
quantities in first-order and second-order transformations have highly important consequences
on the developing microstructures. Throughout any first-order transformation the parent and
product phase coexist, that is there are localized portions of already transformed material found
next to untransformed portions. The formation of such localized volumes of the product phase
is called nucleation. At any time the parent phase and the product phase portions are separated
by sharp boundaries that migrate into the untransformed parent phase as the transformation
proceeds. Second-order transformations, on the other hand, are characterized by a homogeneous
and continuous evolution of the parent phase into the product phase. Hence, the parent phase
as a whole transforms and consequently, phase boundaries are not present.
The majority of phase transformations occurring in metallic systems are of the first-order
type. Familiar examples of first-order transformations where both participating phases are
solids are the allotropic transformations in single-element systems, martensitic transformations
and crystallization. The characteristic feature of first-order transformations is that they take
place by nucleation and growth. In such a process, the formation of the product phase from the
parent phase occurs in two stages, where the first stage involves the nucleation of stable nuclei
of the product phase which then grow and consume the parent phase in the second stage. Both
the nucleation stage and the growth stage may either require thermal activation or may proceed
in an athermal manner, i.e. without the need for thermal activation. This situation is illustrated
in Fig. 2.2, which shows a classification tree of first-order phase transformations based on their
nucleation and growth characteristics. In most cases thermally activated nucleation is coupled
to thermally activated diffusion based growth and vice versa applies for athermal nucleation and
growth [4]. To form stable nuclei of the product phase the nucleation energy, representing
an energy barrier, needs to be overcome. This energy may be supplied fully or partially either
by thermal vibrations or by the difference in chemical free energy between the parent and the
product phase. Furthermore, if the product phase exhibits a composition different from the
parent phase, atom transport by diffusion is necessary to obtain the product stoichiometry
[73, 74].
b) Classification based on transformation mechanisms
Once stable nuclei of the product phase exist they may grow at the expense of the parent
matrix. According to the growth mechanism, which specifies the manner of atom transfer across
the advancing transformation front, a first-order transformation may be classified as either
diffusional reconstructive or displacive [4, 75], as indicated in Fig. 2.2.
In a reconstructive transformation atom rearrangement occurs by thermally activated random
jumps across the transformation front leading to atom transport over long or short distances.
Long range diffusion gives rise to solute partitioning and occurs for instance during precip-
itation (homogeneous or heterogeneous) and decomposition (e.g. eutectoid or monotectoid).
Consequently, the product phases do not exhibit the same chemical composition as the parent
phase. Representative examples of this type of transformation found in β-isomorphous Ti-based
alloys are the formation of α and ωiso precipitates in a metastable matrix of β and the mono-
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Figure 2.2: Classification of first-order transformations according to their nucleation and
growth kinetics and mechanisms. (Adapted from [4])
tectoid decomposition of β. Composition invariant transformations where diffusion over short
distances brings about the structural change (examples are given in Fig. 2.2) are mainly of in-
terest in β-eutectoid Ti-based systems exhibiting ordered intermetallic phases, in glassy alloys
or in recrystallizing materials and will not be considered further here. [4]
Displacive growth on the other hand is accomplished by diffusionless cooperative movements
of atoms that result in straining of the parent lattice or shuﬄing (repositioning) of atoms inside
the parent unit cell. Growth that proceeds in such a manner is considered to occur athermally
and bonds are not broken but merely dilated and/or rotated. As a direct consequence, the parent
phase inherits its composition to the product phase including potential superlattices arising from
chemical ordering. Typically, either the lattice strain or the shuﬄe component dominates the
overall transformation displacements. Martensitic transformations are those in which the lattice
strain plays the major role and the parent phase participating in such a transition is termed
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austenite and the product phase martensite. [4, 75]
The characteristic features of martensitic transformations and their occurrence in β-isomor-
phous Ti-based alloys are illustrated in Sections 2.2.2 and 2.3. The conditions of formation and
crystallographic aspects of the martensitic phases in Ti-Nb alloys are presented in the results
part of this work in Chapter 4. In Ti-alloys shuﬄe dominated displacive transformations are
represented by the athermal β → ωath transition, which is described in detail in Section 2.3.2.
Some transformations exhibit mixed characteristics and for instance martensitic transformations,
being designated as lattice strain dominated, may also contain a shuﬄe component to varying
degrees. Shuﬄes are present for instance in the overall atom displacements of the martensitic
B2→ B19 transition in ternary Ti-Ni-Cu and Ti-Ni-Pd alloys [76, 77] and they also occur during
the β → α′/α′′ martensitic transformation in Ti-Nb alloys (Section 4.3.4 and [78]).
Thermal activation, which may be required for nucleation and diffusional growth, leads to the
important consequence that any sequence of thermally activated events needs time to proceed.
As a direct outcome, the rate of any thermally activated process decreases when the temperature
T is reduced and may be even slowed down to such an extent that the process virtually ceases
to proceed. An example for such a behavior relating to β-stabilized Ti-based alloys is the
precipitation of α, ω and intermetallic phases from the high temperature β-phase. By quenching
the β-phase down to low temperature nucleation of α and/or intermetallics may be kinetically
inhibited such that β is retained in a metastable state at low temperature. During a subsequent
aging treatment at elevated temperatures diffusion is enabled again and precipitates can form [2,
4, 79, 80]. In contrast, athermal processes take place instantaneously such that a thermodynamic
system undergoing an athermal transformation adjusts its internal configuration without delay to
a change in an external field, such as temperature T or pressure p. Its instantaneous nature does
not allow suppression of the athermal transformation by slowing down of diffusion. Considering
again β-stabilized Ti-based alloys athermal transformations in these systems are exemplified by
the athermal martensitic transformations β → α′/α′′ and the formation of athermal ωath from β.
A detailed description of these transformations and the phases involved is given in Section 2.3.2.
Whether a diffusionless transformation may take place or not depends on the relative differences
of the free enthalpies (Gibb’s free energies) of the parent and the product phase(s) as a function
of composition [73]. This circumstance is illustrated in Fig. 2.3, where the free enthalpies Gα
and Gβ of two phases α and β are shown as a function of composition at different temperatures.
For a given solute content c0 the free enthalpies of α and β are equal at the temperature T0. The
necessary condition to allow for a diffusionless transformation to occur from β to α is T < T0.
For T > T0 the free enthalpy of β is smaller than the free enthalpy of α at the solute content
c0 and equilibrium may be attained by precipitation of α, which is accompanied by diffusional
segregation of the chemical species to obtain the equilibrium concentrations cα and cβ of the
α and the β phases. cα and cβ are identified by constructing a common tangent to the free
enthalpy curves of α and β. Below T0 the situation is different in the sense that now the free
enthalpy of β is larger than the free enthalpy of α at the solute content c0. Hence, under the
absence of diffusion the system can reduce its free enthalpy by changing its structure from that
of β to that of α without the need for composition changes. In order to reach equilibrium the
14 2. Fundamentals of the physical metallurgy of β-isomorphous Ti-alloys
C0
Gβ
Gα
Cβ
Cα
T > T0
T = T0
T < T0
Gα(c0) = Gβ(c0)
Fr
ee
en
th
al
py
G
Composition c
ΔGβ → α'
diffusionless
ΔGα'→ α+β
diffusional
ΔGβ → α+β
diffusional
CβC
α
Cβ
Cα
Figure 2.3: Free enthalpy plots of two phases, α and β, as a function of composition for
different temperatures at constant pressure. For a given solute content c0 the free enthalpies
of α and β are equal at the temperature T0. Above T0 a β-phase of composition c0 may
precipitate α which is accompanied by long range diffusion and solute segregation. Below
T0 diffusionless formation of α
′ from β may take place first. If diffusion is allowed to occur
equilibrium may be reached in a second step by precipitation of β from the athermal α′.
athermal α′ may then precipitate β via diffusional atom migration.
c) Classification based on transformation kinetics
Phase transformations may also be categorized according to the requirement of thermal acti-
vation. In a first-order transformation the movement of the interface separating product and
parent can be either thermally activated or athermal, and thus require the assistance of thermal
fluctuations or not. This classification scheme leads to the same grouping of phase transforma-
tions as the classification according to the atom transfer mechanisms in b). Combining both
schemes, the resulting two big groups of phase transformations are on the one hand the ther-
mally activated diffusional reconstructive transformations and on the other hand the athermal
displacive transformations.
2.2.2 Martensitic transformations
A martensitic transformation is a displacive athermal transition where the largest part of the
overall atom displacements is accomplished by a homogeneous distortion of the parent austenite
lattice. It proceeds by cooperative movement of atoms on particular crystallographic planes in
certain crystallographic directions. This process takes place without atom diffusion and hence
the chemical composition is not altered. [4, 73, 81]
The atom displacements that take the austenite crystal structure to that of the martensite
crystal structure may be formally described by two transformation components:
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1. A homogeneous distortion of the austenite lattice termed lattice strain or Bain strain.
2. Shuﬄing (repositioning) of atoms on specific crystallographic planes in certain crystallo-
graphic directions.
The action of these two components on the austenite crystal structure is schematically depicted
in Fig. 2.4. In the following discussion sub- and superscripts A and M indicate quantities in
aA
aA
bM
aM(a) (b) (c)
bM
aM
δ
(d)
δ
Figure 2.4: (a) A schematic cubic austenite crystal structure with lattice parameter aA.
(b) Under the influence of the lattice (Bain) strain the austenite unit cell is distorted causing
a shape change and the new lattice parameters are aM and bM . (c) Shuﬄing of the atoms in
the austenite unit cell by δ without a shape change. (d) The combined action of the lattice
strain and the atom shuﬄes produces the martensite crystal structure.
the austenite and the martensite phase, respectively. The lattice strain (Fig. 2.4b) distorts the
austenite unit cell in a homogeneous manner, thereby acting on all atoms in the austenite crystal
in the same manner and causing an overall shape change. A general lattice strain may also include
a shearing of the austenite lattice leading to for instance monoclinic or triclinic distortions. The
shuﬄe component on the other hand does not involve a change in shape but merely gives rise
to a displacement of certain atoms in the austenite unit cell (Fig. 2.4c). Combining the lattice
strain and the atom shuﬄes and letting them act on the austenite crystal structure produces
the martensite crystal structure (Fig. 2.4d).
Like in any other first-order transformation the product phase, martensite in the present
case, does not start forming at T0, the temperature at which the free enthalpies G
A and GM of
austenite and martensite are equal, but a certain amount of undercooling is required to initiate
the transformation [4, 82, 83], as illustrated in Fig. 2.5. The free enthalpy of each phase is
given by Gi = H i − T · Si (i = A,M) where H i denotes the enthalpy and Si the entropy. The
necessary condition for the transformation to occur is that the creation of martensite results in
a reduction in the free enthalpy - in other words that GM −GA = ∆GA→M < 0 which is fulfilled
for T < T0. However, the formation of martensite is opposed by various energy components that
need to be overcome by the driving force, which is provided by the difference ∆GA→M of the
free enthalpies of austenite and martensite.
Restraining forces arise from the following factors [83–85]:
 Elastic strain fields that store energy in the martensite and the surrounding austenite
matrix originating from the changes in shape and volume accompanying the formation of
a martensite volume.
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Figure 2.5: Schematic plots of the free enthalpies GA and GM of austenite and martensite,
respectively, close to T0. ∆Tnucleation = T0 −Ms corresponds to the undercooling required
to initiate the transformation at Ms. On further cooling by ∆Tgrowth = Ms − Mf the
martensite grows until it reaches its maximum volume fraction at Mf .
 The amount of energy required to create interfaces separating martensite variants and
martensite from austenite.
 Energy dissipation due to friction associated with interface movement and due to plastic
deformation.
The combination of these factors leads to a transformation criterion given by
∣∣∆GA→M ∣∣ > Eel + Eif + Efr, (2.3)
where Eel denotes the stored elastic strain energy, Eif stands for the sum of interface energies
and Efr is the dissipated energy (frictional work). All quantities on the right side of Eq. 2.3 are
larger than zero. Cooling below T0 provides the driving force ∆G
A→M so that at a temperature
Ms martensite formation is initiated. As the the martensite volume fraction grows the amount of
stored strain energy increases and new interfaces are formed, the movement of which is opposed
by frictional barriers. Consequently, for the martensite to grow more driving force is required
and, hence, further cooling below Ms is needed. At a temperature Mf martensite growth
ceases either because all austenite already transformed or the restraining forces are too large
to be overcome by ∆GA→M by further cooling. Ms and Mf are called martensite start and
finish temperature, respectively. Conversely, upon heating reversion of martensite to austenite
initiates at As, the austenite start temperature, and proceeds up to Af , the austenite finish
temperature, where the microstructure is fully austenitic again. Due to the frictional energy
losses and possibly renucleation of austenite, As and Af are generally not equal to Ms and Mf
but are found at higher temperatures resulting in a thermal hysteresis.
The changes in shape and volume accompanying the formation of a martensite volume cre-
ate strain fields in both the austenitic and the martensitic constituents. Accommodation of
these strains in the martensite - austenite assembly may occur in an elastic or plastic manner
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depending on the size of the strains and the strength of both phases [4, 83, 86]. Fully elastic
accommodation gives rise to a thermoelastic character of the martensitic transformation. Ther-
moelasticity specifies the situation where the driving forces are balanced at all temperatures by
the elastic energies and no plastic deformation occurs. In such a scenario, the martensite plate
that formed last during cooling is the first to revert back to austenite upon heating and the plate
that reverts last at Af was the first to form at Ms. Thermoelastic martensitic transformations
are characterized by a relatively smaller thermal hysteresis (up to a few 10°C [86]) compared
to non-thermoelastic transformations. The thermal hysteresis can be observed for instance by
calorimetric measurements as shown in Fig. 2.6. Martensite formation is always associated with
a net heat release by the material into its surrounding (exothermic) and conversely, during
martensite reversion the material absorbs heat from its surrounding (endothermic).
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Figure 2.6: Schematic heat flow curves for martensite formation and reversion. Due to the
thermal hysteresis Ms 6= Af and Mf 6= As. (Based on [83])
Thermoelastic martensitic transformations give rise to the SM effect and SE [86]. These effects
are found in a broad range of martensite forming systems and are widely used for technological
applications, such as in components of biomedical devices, in actuators and couplings [15, 16, 86].
The SM effect and SE are of high industrial relevance and give rise to the research interest in
many martensitic systems. A basic outline of both phenomena is given on page 19.
A large thermal hysteresis (up to a few 100°C) is found on the other hand when the trans-
formation strains cannot be accommodated elastically in the microstructure but are relaxed by
plastic deformation of the martensite and austenite crystallites [4, 86]. Resulting from this a
large density of lattice defects is generated and the interfaces exhibit a lower degree of coherency
compared to those evolving by thermoelastic growth. Unlike in thermoelastic martensites re-
version of the transformation path during heating is not possible and the austenite has to be
renucleated inside the martensite, leading to a loss of SM and SE, as observed in the majority
of the Fe-based martensite forming alloys.
In addition to the shape change the lattice strain associated with a martensitic transformation
may also cause a volume change, which can be either positive or negative. The volume change
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has been recognized to crucially influence the occurrence of the SM effect; alloys that exhibit SM
usually exhibit a small volume change below ≈ 1%, while for volume changes larger than ≈ 2%
the SM is lost [81]. In most martensitic transformations the participating austenite exhibits a
cubic crystal structure (chemically ordered or disordered) while the martensite generally exhibits
a lower crystallographic symmetry than the parent austenite. As a direct consequence, several
variants of martensite may form from an austenite crystallite, the number of which depends on
the change of lattice symmetry given by the Bain strain and the atom shuﬄes accompanying the
transformation. In absence of external or internal stresses all variants are thermodynamically
equally stable and structurally and physically identical; however, each variant forms in a different
crystallographic orientation relative to the parent austenite lattice. Upon transformation several
variants combine in such a way that no overall macroscopic shape change occurs and that the
elastic strain energy is minimized. This process is termed self-accommodation and for a cubic
austenite may be achieved to full extent if the transformation volume change ∆V = 0 [81].
Between the martensite variants originating from the same parent crystallite typically a twin
orientation relationship is found. Figure 2.7 shows an example of an assembly of martensite
variants that formed by self-accommodation in a binary Ti-Nb alloy.
V4 V5
V1
V2V3
(b)
V3 V2
V1
V1
V2 V3
(a)
V3
V1
V2
(c)
V1
V3V2
(d)
Figure 2.7: Details of a self-accommodated microstructure formed by the orthorhombic
martensite α′′ in the alloy Ti-32.7Nb. (a) Three martensite variants (V1, V2, V3), which are
twin-related to each other, arrange into triangular morphologies and (b) two likewise twin-
related variants (V4, V5) combine to create a V-shape. (c) Model of the self-accommodated
pyramidal microstructure in three dimensions in which the axes of the parent β-phase are
indicated. (d) Cuts through the self-accommodated assembly produce the observed mi-
crostructural patterns. (Adapted from [87])
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Shape memory (SM) effect and superelasticity (SE)
SM specifies the ability of a metallic material to revert to a previously defined shape when
subjected to an appropriate heat treatment. It occurs when an alloy exhibiting a thermoelastic
martensitic transition is deformed in the martensitic state and then heated above Af . By heating
the reverse martensitic transformation M→ A occurs and a recovery of the original shape prior
to deformation is observed. Figure 2.8a illustrates the stress-strain-temperature trajectory and
the associated changes in microstructure related to the SM effect. SM is a unique behavior of
thermoelastic martensite which occurs upon heating the martensite after prior deformation below
Mf . The self-accommodated microstructures that form in thermoelastic martensites to minimize
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Figure 2.8: Stress-strain-temperature trajectories of (a) the SM effect and (b) SE with
sketches of the corresponding microstructural changes.
the elastic strains and the shape change accompanying the transformation contain a large density
of twin boundaries, which may move through the material under the action of an external stress.
Movement of the twin boundaries occurs in such a way that the martensite variant which most
effectively relaxes the external stress grows at the expense of less favorably oriented ones leading
to a detwinning of the martensite. Thus, the less favorably oriented variants are reoriented and
because all variants are of equal thermodynamic stability once the external force is removed,
the reoriented state is maintained by unloading which results in a permanent deformation and
shape change. On subsequent heating through As and Af the reverse martensitic transformation
M→ A is induced which gives rise to a recovery of the initial undeformed shape.
The same alloy systems displaying SM behavior also demonstrate SE, another unique property
related to a reversible martensitic transformation. To initiate martensite formation by cooling
a certain amount of undercooling T0 −Ms is required. However, nucleation of martensite may
also happen at temperatures higher than Ms if an additional driving force is supplied by an
externally imposed stress. For thermoelastic martensites the stress-induced formation may ex-
hibit full reversibility if straining happens above Af but at low enough temperatures for the
austenite and martensite to exhibit adequate strength to avoid plastic deformation by disloca-
tion multiplication and movement. The reversible character is the basis for SE and a schematic
SE stress-strain curve arising from reversible stress-induced martensite formation is shown in
Fig. 2.8b. The initial steep rise in stress corresponds to elastic deformation of the parent austen-
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ite, which once the trigger stress for martensite formation is reached, changes into martensite.
In doing so, those martensite variants form, which produce the largest strains under the given
load leading to a stress plateau. Removal of the imposed stress causes the martensite volumes
to revert back to austenite, as martensite is thermodynamically unstable at this temperature in
absence of the mechanical driving force. This leads to a recovery of the initial shape.
Special features of the martensitic transformations in β-isomorphous Ti-alloys
Two features in connection with the martensitic transformations in β-isomorphous Ti-alloys are
important to mention: i) While in other martensite forming SM and SE systems, such as TiNi,
Cu-Al-Ni and Cu-Zn-Al, both austenite and martensite or one of them exhibit chemical long-
range ordering for all or the majority of compositions [86], the austenite β and the martensites α′
and α′′ in β-isomorphous Ti-alloys instead are not chemically ordered but are solid solutions [88].
The disordered nature of β results in a relatively low critical stress for slip and, consequently, β
is prone to suffer plastic deformation during SE loading [11, 12]. An effective way to increase
the strength of β and to extend the superelastic strain range is strengthening by controlled
precipitation of α- and ω-phases [10, 56, 60, 61, 63]. ii) Compared to TiNi, the lattice strains
in Ti-Nb alloys with Ms close to RT are much smaller. In binary Nb-rich Ti-Nb alloys with
RT < Ms < 100°C the largest principal lattice strain ranges between 3-4% [10]. In contrast, the
lattice strains in TiNi-based alloys are much larger, amounting up to 10.5% in the case of the
B2→ B19′ martensitic transformation [70]. Consequently, in Ti-Nb alloys the recoverable strains
associated with SE and the SM effect are usually by nature a lot smaller than in TiNi-based
alloys.
2.3 Phases and crystal structures in β-isomorphous Ti-alloys
illustrated on the Ti-Nb system
At ambient pressure Ti exhibits an allotropic transformation at 882°C between the hcp α-phase
(P63/mmc) which forms at low temperatures and the bcc β-phase (Im3¯m) which is stable
above 882°C up to the melting point of Ti at 1668°C. Alloying of Ti leads to an increase or a
decrease of the β-transus temperature T
α/β
transus; those elements that raise the transus are termed
α-stabilizers, those that lower the transus are called β-stabilizers [2, 4].
Nb is a β-stabilizer and, like Ta, V, Mo and W is a representative of the β-isomorphous ele-
ments which exhibit complete or almost complete solubility in β-Ti but show a limited solubility
in α-Ti [2, 4]. Furthermore, these systems are characterized by the absence of intermetallic
phases leading to two-phase regions spanning almost the entire composition range from Ti-rich
to Ti-lean alloys. Among the above mentioned elements, V, Mo and W give rise to a stable mis-
cibility gap in the β-phase resulting in the presence of monotectoid points in the α−β diagrams
of these alloy systems, while Nb and Ta are fully soluble in β-Ti [2, 4, 32]. In addition to the
stable allotropic transformation at 882°C involving α and β, elemental Ti exhibits a metastable
allotropic transformation at an estimated temperature of 485°C between hexagonal ω-Ti and bcc
β-Ti. The corresponding temperature value is based on an extrapolation of the ω−β coexistence
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line from hydrostatic pressures p > 8 GPa down to p = 0 GPa (ambient pressure) [32, 89]. The
existence of ω in elemental Ti leads to the emergence of metastable ω − β phase diagrams in
β-stabilized Ti-alloys [32, 79, 89].
2.3.1 Stable and metastable phase diagrams of Ti-Nb
Figure 2.9 shows the stable α− β phase diagram superimposed by the metastable ω − β phase
diagram of the Ti-Nb system. These diagrams are based on thermodynamic calculations by
Zhang et al. [32] using a regular solution model and to the best of the author’s knowledge
represent the most recent phase diagram calculations of the Ti-Nb system. The crystal structures
of α, β, and ω are shown in Figs. 2.11 and 2.14 and will be discussed in detail in the following
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Figure 2.9: The calculated stable and metastable phase diagrams of Ti-Nb (based on [32]).
Gray areas represent two-phase regions and the miscibility gap in the metastable ω − β
phase diagram. The Ms line is based on experimental data sets compiled by [90].
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section (2.3.2). As mentioned previously, Nb, which below 2477°C crystallizes in a bcc lattice,
exhibits full solid solubility in bcc β-Ti when the stable α − β diagram is considered. On the
other hand, the phase diagram of ω and β includes a metastable miscibility gap in β which leads
to a monotectoid type of phase diagram. The maximum solubility of Nb in ω-Ti is roughly three
times larger than in α-Ti (≈ 15.5 wt.% at 430°C and ≈ 4.5 wt.% at 600–650°C, respectively) [32].
All three solid phases indicated in Fig. 2.9, α, β and ω, are disordered solutions. A summary
of the characteristic reactions, temperatures and compositions of the Ti-Nb phase diagrams is
given in Tab. 2.1. The stable and metastable allotropic transitions of elemental Ti at 882°C
and 485°C give rise to displacive transformations from the β-phase to athermal products in the
β-isomorphous alloys on rapid cooling. The necessary condition for these transformations to
occur is a lowering of the temperature below the respective T0 line, at which the free enthalpies
of the the parent β-phase and the athermal product are equal, as described in Fig. 2.3. Thus,
depending on the β-stabilizer content different phases are observed on quenching from the β-
phase field. This situation is illustrated in Fig. 2.10, which shows a schematic phase diagram of
a β-isomorphous Ti-alloy system. A stable β miscibility gap, as it occurs in the systems Ti-V,
Ti-Mo and Ti-W is not included in the figure. However, since demixing inside the miscibility
gap proceeds by diffusional mechanisms (either regular nucleation and growth or spinodal) the
phases resulting from quenching are not altered by the presence of a miscibility gap and hence
this diagram may be utilized to describe any β-isomorphous system, with and without stable
β miscibility gap, in general. Indicated in the top part of the figure are the phases that may
form or that may be retained on rapid cooling of β in the absence of diffusion. In Tab. 2.2 the
Nb contents corresponding to the compositions indicated by c1, ..., c6 in the schematic diagram
of Fig. 2.10 are listed for the binary Ti-Nb system. At low β-stabilizer content the β-phase
metastable β
α''α' stableβ
ωath
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Figure 2.10: Schematic illustration of the α − β phase diagram in a β-isomorphous Ti-X
alloy where X stands for the elements Nb, V, Ta, Mo and W. The phases which may form
on rapid cooling are indicated at the top. (Based on [4, 89, 91])
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Table 2.2: Special compositions in the Ti-Nb system. The numbering in the first column
is the same as in Fig. 2.10.
Nb content
β-stabilizer content Characteristic wt.% at.% Ref.
c1 M
α′
s = M
α′′
s 13.1 7.2 [92]
c2 M
α′′
f = T
β/ω
0 ≈ 25.5 ≈ 15 [32]
c3 M
α′′
f = RT 28.5-35.4 17-22 [10, 93]
c4 M
α′′
s = 23°C 39.9 25.5 [90]
c5 T
β/ω
0 = 100°C 52 35.8 [32]
c6 T
α/β
transus = 100°C ≈ 100 ≈ 100 [32]
transforms into the hexagonal martensite α′. Above the concentration c1 the orthorhombic
martensite α′′ is formed instead of α′ up to the concentration c4 where Mα
′′
s drops below the
quench end temperature Tq. For solute content higher than c3 and lower than c6, denoting the
concentrations where Mα
′′
f and the β-transus are equal to Tq, respectively, β is retained by rapid
cooling in a metastable state. Above c6 β is thermodynamically stable. In addition to these
transformations the metastable allotropic ω ↔ β transition gives rise to the possibility for β to
transform athermally into the ω structure. This product is denoted by ωath and is considered
to compete with α′′ to form from β upon cooling [79, 92]. Hence, assuming that ωath requires β
as its parent phase, β → ωath may be observed in the solute content interval between c2 and c5,
in which T
β/ω
0 > M
α′′
f and T
β/ω
0 > Tq.
2.3.2 Crystal structures
In this section, an overview is given of the four commonly observed crystal structures in β-
isomorphous Ti-alloys mentioned above. Table 2.3 provides a list of the crystallographic infor-
mation of these phases.
Equilibrium phases
Only two thermodynamically stable solid phases exist at ambient pressure in binary Ti-Nb
alloys: hcp α (P63/mmc) on the Ti-rich side below 882°C and bcc β (Im3¯m) across the entire
composition range below 2477°C [32]. Their crystal structures are shown in Fig. 2.11. The
lattice parameters of both α and β do not vary appreciably with Nb content [10, 93, 97, 98].
The α-phase forms by diffusion and attains a particular orientation relationship relative to its
parent β crystal, which was first given by Burgers [99] who studied the β → α transition in Zr:
{110}β  (0001)α and 〈1¯11〉β  〈112¯0〉α (2.4)
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Table 2.3: Crystal structure data of the four commonly observed phases in β-isomorphous
Ti-alloys [4, 88, 92, 94–96].
Phase Bravais
lattice
Space group (No.) Pearson
symbol
Site mul-
tiplicity
Wyckoff
letter
Fractional
coordinates
β body
centered
cubic
(bcc)
Im3¯m (229) cI2 2 a 0, 0, 0; 12 ,
1
2 ,
1
2
α/α′ hexagonal P63/mmc (194) hP2 2 c 13 ,
2
3 ,
1
4 ;
2
3 ,
1
3 ,
3
4
α′′ c-
centered
ortho-
rhombic
Cmcm (63) oC4 4 c 0, y, 14 ; 0, y¯,
3
4 ;
1
2 ,
1
2 + y,
1
4 ;
1
2 ,
1
2 − y, 34
ω hexagonal P6/mmm (191) hP3 1 a 0, 0, 0
2 d 13 ,
2
3 ,
1
2 ;
2
3 ,
1
3 ,
1
2
trigonal P 3¯m1 (164) hP3 1 a 0, 0, 0
2 d 13 ,
2
3 , z;
2
3 ,
1
3 ,−z
This relation suggests the following lattice correspondence: upon transition the densely packed
planes and directions of the bcc lattice become the basal plane and densely packed directions of
the hcp lattice, respectively. Each of the 6 planes of type {110}β contains two directions of type
〈1¯11〉β. Thus, according to the Burgers orientation relationship (Eq. 2.4) 12 variants of α, each
with a different crystallographic orientation, may form in the β-phase.
Martensites
On rapid cooling of the β-phase two forms of martensite may occur depending on the solute
content. In Nb-lean alloys containing less than ≈ 13.1 wt.% Nb (Tab. 2.2) β transforms marten-
sitically into a product which is crystallographically identical to the low-temperature hcp α-Ti
phase [33, 97, 98, 101] and which is commonly denoted as α′. Its structure is shown in Fig. 2.11a.
The Burgers orientation relationship (Eq. 2.4) has been found to be valid also for α′ [4]. For
this reason and due to the structural equality of α and α′ the lattice correspondence between β
and α implied by the Burgers orientation relationship is considered to apply in the same way
for β and α′.
In alloys containing between 13.1 wt.% and 39.9 wt.% Nb (Tab. 2.2) the orthorhombic marten-
site α′′ forms instead of hcp α′ by cooling β sufficiently fast down to RT [78, 92, 95]. α′′ was
observed in the β-isomorphous Ti-X systems (X = Nb, V, Ta, Mo, W) [33, 98] and also in some
β-stabilized systems which do not exhibit β-isomorphous character (for instance X = Tc, Ru,
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Figure 2.11: (a) The crystal structure of α′-martensite. One (0002)α′ plane is shaded in
pink. Dashed lines delineate the edges of an equivalent orthorhombic unit cell. (b) The
unit cell of c-centered orthorhombic α′′-martensite. The location of atoms on the (002)α′′
plane (shaded pink) along the [010]α′′ direction is determined by y. The α
′′ lattice origin
has been shifted by [0, y, 14 ] relative to the notation used in the International Tables for
Crystallography [96] to enable clearer graphical visualization. (c) Two unit cells of the
high-temperature bcc β-phase. One plane of form {110} β is shaded in pink. Dashed lines
delineate the edges of an equivalent orthorhombic unit cell. (Adapted from [100])
Re, Os, Ir) [98]. Two examples of α′′-martensitic microstructures are given in Fig. 2.12.
The unit cell of α′′, which is illustrated in Fig. 2.11b, is based on a c-centered orthorhombic
lattice (Cmcm) containing four atoms per unit cell located at (0, y, 14), (0, y¯,
3
4), (
1
2 ,
1
2 +y,
1
4) and
(12 ,
1
2−y, 34) ([96] and Tab. 2.3). The fractional coordinate y determines the position of the atoms
on the (002)α′′ plane along [010]α′′ . α
′′ exhibits a intermediate structure between hcp α and bcc
β. Its orthorhombic space group Cmcm with Wyckoff position 4c occupied serves as a common
framework to describe the crystal structures of both martensitic phases (α′ and α′′) as well as of
the parent β-phase [101, 104]. Of all three phases, the space group of α′′, Cmcm, exhibits the
lowest symmetry [104]. The fractional coordinates of Wyckoff position 4c of Cmcm are listed
in Tab. 2.3 [96]. Appropriate choice of the lattice parameters aα′′ , bα′′ or cα′′ , in combination
with the fractional coordinate y, gives either a lattice of hexagonal symmetry (hcp) or a lattice
of cubic symmetry (bcc) with 2 atoms per unit cell each, or a lattice of orthorhombic symmetry
(c-centered) with 4 atoms per unit cell [78, 92, 105]. In Fig. 2.11 the equivalent orthorhombic
unit cells for hcp α′ and for bcc β are shown by dashed lines. The lattice parameters aα′′ and
bα′′ vary strongly with Nb content; aα′′ increases and bα′′ decreases, while cα′′ shrinks slightly
upon Nb addition [10, 33, 78, 97, 98, 105]. Furthermore, it was suggested by experimental and
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(b)
2 µm
(a)
100 µm
Figure 2.12: Micrographs of α′′-martensitic microstructures: (a) LM of Ti-15.8Mo-7.9Ag
[102]. (b) TEM of Ti-8.5Mo-0.5Si [103].
numerical studies that the atom positions on (002)α′′ depend on the Nb content [78, 106, 107].
The intermediate character of α′′ manifests itself also in its electronic density of states. At low
Nb contents the electronic density of states is almost identical to that of α-Ti whereas at high Nb
content it resembles that of the β-phase and concurrently the bonding shifts from the covalent
character of α-Ti to the more metallic character of β-Ti [106].
Between β and α′′ the orientation relationship was reported as [108]:
〈01¯1〉 β  [001]α′′ and {21¯1}β  {110}α′′ (2.5)
This is accompanied with a slight rotation of [100]α′′ and [010]α′′ by 2-3 degrees away from
〈100〉 β and 〈011〉 β, respectively [105, 109, 110]. The close structural relation between α′ and
α′′ suggests that α′′ forms in a very similar manner from β as α′ does. In fact, the Burgers
orientation relationship (Eq. 2.4) leads approximately (the misorientation of 2-3 degrees not
included) to the orientation relationship between β and α′′, when an equivalent orthorhombic
unit cell is used for α′ instead of the hexagonal unit cell. On transformation, the principal axes
of the orthorhombic unit cell [100]α′′ , [010]α′′ and [001]α′′ are derived from the 〈100〉 β, 〈011〉 β
and 〈01¯1〉 β directions of the parent β crystal.
Conflicting results have been reported in the literature regarding chemical long-range ordering
in α′′, which is due to the presence of stacking faults in α′′ exhibiting morphologies similar to
anti-phase boundaries like those found in ordered systems [88, 105, 111]. However, a recent
in-detail study on Ti-(35.8-37.1)Nb-1.4Al alloys did not find indications for chemical order [88]
and in the current literature α′′ is generally considered as a solid solution.
ω-phase
The ω-phase is an equilibrium phase of group IV metals Ti, Zr and Hf at high pressures and
occurs in these metals and their alloys in a metastable state at ambient pressure. Without
the aid of an external stress field, ω may form from the parent β-phase (i) in a thermally
activated manner, which is accomplished by solute partitioning via diffusion, or (ii) in a purely
displacive and athermal way, in which the composition of the β-phase is kept by ω [112]. The
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diffusional product is termed ’isothermal’ omega ωiso (although ’thermally activated’ would be a
more appropriate term) and the displacive product athermal omega ωath. The athermal product
usually forms in small volumes of a few nm in dimension which are distributed homogeneously
inside the β-matrix (Fig. 2.13a). During aging these volumes expel the β-stabilizing atom species
and grow in size up to a factor of ten [80, 112–114] (Fig. 2.13b). In some cases ωiso particles
with a size of 100 nm or larger were observed [115].
100 nm
(a)
200 nm
(b)
Figure 2.13: Dark-field TEM image of (a) athermal ωath particles in a Ti-29.7Nb-6.6Pt
alloy formed by quenching [63] and of (b) isothermal ωiso precipitates in a Ti–10V–6Cu alloy
formed by aging [114].
The lattice symmetry of ω is either non-close-packed hexagonal (P6/mmm) [94] or trigonal
(P 3¯m1) [116] with 3 atoms each in the unit cell (Tab. 2.3); a sketch of the atomic arrangement
of the hexagonal variety and its orientation relative to β is shown in Fig. 2.14. Both hexagonal
and trigonal structures can be obtained from the parent bcc β phase by atom displacements
that ’collapse’ pairs of adjacent and parallel {222}β planes at their intermediate positions.
Between two pairs of the same {222}β type one such plane remains stationary and becomes
the basal plane of ω. The extent of the ’collapse’ is described by the fractional coordinate z
in Wyckoff position 2d of the trigonal space group P 3¯m1, where z = 1/3 corresponds to the
parent bcc β structure. A six-fold rotational symmetry (hexagonal ω) is obtained for a complete
’collapse’ of pairs of adjacent {222}β planes corresponding to z = 1/2, whereas if the ’collapse’ is
incomplete the product exhibits a three-fold rotational symmetry (trigonal ω) instead of six-fold
and 1/3 < z < 1/2. [94, 112]
The {222}β plane ’collapse’ may be described by shuﬄe displacements, either of longitudinal
or transverse character, which are illustrated in Fig. 2.15. In part (a) of this figure the bcc
atom arrangement of β is viewed along the 〈110〉 β direction. Subjecting the arrangement to a
longitudinal displacement wave (shown on the left of the drawing) with a wavelength (aβ
√
3)/2
parallel to the 〈111〉 β direction, while keeping every third plane of the set of {222}β-type planes,
which is normal to the given direction in position, makes two adjacent {222}β planes approach
each other. The same can be accomplished by a transverse modulation (shown at the top in
Fig. 2.15a) of wavelength aβ
√
3/2 running along the 〈211〉 β direction and where every third
plane of type {211}β normal to the wave direction is kept stationary while the other two are
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Figure 2.14: (a) A bcc β unit cell (solid lines) where two adjacent (222)β planes are
indicated (shaded pink). Dashed lines outline the orientation of ω relative to the β unit cell.
(b) The crystal structure of hexagonal ω. The atoms on the (222)β plane indicated in (a)
form the (0002)ω plane.
aβ/(4√3)
[101]β
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Figure 2.15: (a) The ω-structure (both trigonal and hexagonal) may be created from β
by a longitudinal modulation that displaces neighboring {222}β planes towards each other
(shown on the left) or equivalently by a transverse modulation that shifts the atoms on
adjacent {211}β-type planes along the parallel < 111 >β direction (shown on top). (b) The
structure of hexagonal ω viewed along a < 112¯0 >ω direction. (Adapted from [88, 112])
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displaced along the 〈111〉 β direction that lies parallel to the {211}β planes. In both cases, the
complete ’collapse’ resulting in a hexagonal crystal structure as shown in Fig. 2.15b occurs for
displacements of ±1/12 〈111〉 β, equivalent to ±aβ/(4
√
3).
How far the the ’collapse’ proceeds depends on the chemical composition. Trigonal ωath, which
is associated with an incomplete ’collapse’, forms in β-stabilizer rich alloys upon rapid cooling
as an athermal product [112, 117, 118]. According to the work by Hanada and Izumi [117]
in Ti-Nb alloys with a Nb content less than at least 51 wt.% the ’collapse’ is complete and
the hexagonal ω variety is formed, which is illustrated in Figs. 2.14b and 2.15b. On aging,
trigonal ω gradually develops into hexagonal ωiso. This process was shown to take place by
solute partitioning accompanied by the ’collapse’ of {222}β planes in the regions depleted in
β-stabilizing elements. Diffusion thus enables the atom shuﬄes to proceed, and in this sense, it
was suggested to classify the formation of ωiso in the β matrix as a coupled diffusional-displacive
transformation wherein the displacive component in the product phase continuously adapts to
the changing solute content [118, 119].
Between β and ω (both diffusional and athermal varieties) the following orientation relation-
ship was observed
{111}β  (0001)ω and 〈11¯0〉β  〈112¯0〉ω (2.6)
which suggests that the basal plane of ω is derived from {111}β planes and the three face
diagonals of β parallel to the ω basal plane become the principal directions of the ω-lattice
[94, 112, 113]. As there exist 4 {111}β planes ω inclusions can form in 4 possible orientations
inside the β-matrix.
The displacive formation of athermal ωath from β exhibits a shuﬄe-dominated character
where the atom displacements are brought about by a periodic repositioning of atoms with only
marginal changes of the volume due to a lattice strain. For this reason the athermal β → ωath
transition is not classified as a martensitic transformation despite its composition conserving
and displacive nature (compare the classification scheme in Fig. 2.2).
Hence, given the lattice correspondence illustrated in Fig. 2.14 the lattice parameters of ωath
may be (approximately) derived from the parameters of the β-phase as aω = aβ
√
2 and cω =
(aβ/2)
√
3. However, for the solute lean ωiso formed by aging lattice parameters differing from
these have been found in some alloy systems and it seems that ωiso is associated with a volume
contraction of up to 15% [4]. A recent study on a Ti-Mo base alloy reported that aω and
cω as well as aβ shrink during growth of ωiso [120]. However, the available information and
experimental data on the volume change by β → ωiso are sparse and it is difficult to draw a
clear, generally valid, picture. An additional complicating factor may be that in different alloy
systems the lattice parameters and the atomic volume of ω potentially depend in a different
manner on the solute content, as is the case for β [93].
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2.4 Diffusion and precipitation reactions in Ti-Nb alloys
β-isomorphous Ti-alloys are characterized by a high degree of metastability and the occurrence
of competing precipitation reactions during thermal treatments. Depending on the β-stabilizer
content, the initial quenched-in microstructure may decompose into the equilibrium α and β
phases via various pathways, involving concurrent continuous and discontinuous transformation
processes [2, 4, 121].
Among the β-isomorphous systems, Ti-Nb stands out due to the very slow kinetics encountered
in this system and the resulting difficulty to reach equilibrium at low and moderate temperatures.
Moffat and Kattner [79, 89] calculated the coefficient for Nb diffusion in β-Ti-Nb alloys on the
basis of compiled experimental data; their results are shown in Fig. 2.16 drawn on top of the
phase diagrams by Zhang et al. ([32] and Fig. 2.9). At constant temperature the diffusion
coefficient D decreases exponentially with increasing Nb content. In the work by Moffat a
highly illustrative calculation was made to demonstrate the significance of the low diffusivity for
any thermal treatment. They noted that “if it were possible to reach equilibrium in a 20 at.%
Nb alloy in 3 seconds at 500°C a 70 at.% alloy would reach equilibrium in about 10 years” [89].
Thus, true equilibrium in Ti-Nb alloys on a laboratory time scale is practically impossible to
reach. Due to this circumstance, no reliable experimental data sets of the β-transus below 600°C
are existing. Correspondingly, the stable and metastable phase equilibria in Fig. 2.9 below this
temperature and above about 55 wt.% Nb including the metastable miscibility gap are based
on thermodynamic extrapolations of data sets measured at high temperature and/or low Nb
content [32].
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Figure 2.16: Contour lines of the Nb diffusion coefficient D in β-Ti-Nb superimposed on
the stable and metastable phase diagrams of Ti-Nb. (Adapted from [32, 79])
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The sequences of precipitation reactions that may occur upon decomposition of a metastable
state depends on the relative positions of the free enthalpy curves of the phases involved. The
mode of the decomposition, discrete or continuous, is related to the local curvature of the free
enthalpy G regarding composition c or an order parameter [4, 73, 121]. If
∂2G
∂c2
< 0 (2.7)
the system may reduce its free enthalpy by amplifying compositional fluctuations without the
need for overcoming a nucleation barrier. In this process, which is known as spinodal decomposi-
tion, the parent phase evolves continuously into the product phases . For concentration intervals
in which
∂2G
∂c2
> 0 (2.8)
decomposition is opposed by a nucleation barrier which has to be overcome by thermal acti-
vation. This results in discontinuous changes in composition and in a discrete character of the
decomposition process.
In β-isomorphous Ti-based systems various precipitation and decomposition pathways have
been observed depending on the β-stabilizer content, temperature and exposure time. Among
these processes, both discrete and continuous decomposition modes have been reported. Fig-
ure 2.17 shows schematic free enthalpy plots of Ti alloyed with a generic β-isomorphous element
which help to illustrate the decomposition processes that may occur. Assuming that for a given
composition the phase of lowest free enthalpy forms on quenching, then in Fig. 2.17a α′ forms
for solute contents below c1, α
′′ between c1 and c2, and β above c2. This schematic is based
on that given by Davis et al. [122, 123], who found that the orthorhombic martensite α′′ in Ti-
V, Ti-Mo and Ti-Nb alloys decomposed spinodally and hence proposed that the free enthalpy
function Gα
′′
exhibits a negative curvature across a certain concentration interval. On aging
c1 c2c3cα
Fr
ee
en
th
al
py
G
Composition cc4 c0
cβ
Fr
ee
en
th
al
py
G
Composition ccω cβ1cα
(a) (b)
Gα/α'
Gβ
Gα'' Gα
GβGω
Figure 2.17: Schematic illustration of possible decomposition pathways of metastable states
in β-isomorphous Ti-alloys by diffusional processes into equilibrium α and β phases. (a)
Decomposition of martensites α′ and α′′. (After [122, 123]) (b) Decomposition of metastable
β by a precipitation cascade of ω and α phases. The black tie lines indicate the stable
equilibrium.
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an α′′-martensitic alloys of a composition c3 for which (∂2Gα
′′
)/(∂c2) < 0 may then start to
decompose continuously towards the equilibrium α and β phases, as indicated in the figure. The
transformation of the solute lean α′′ into α and of the solute rich α′′ into β may be either discrete
or continuous, depending on the slopes of the free enthalpies (∂Gi)/(∂c) at their intersection.
If the free enthalpy functions of parent and product phase have equal slopes the transformation
will be continuous and exhibit second-order character. This was suggested by Davis et al. [122]
to be the case for the intersection of Gα
′′
with Gβ, located at composition c1 in Fig. 2.17a. If the
slopes of the free enthalpy functions differ from each other, as for instance at the intersection
of Gα
′′
with Gβ in Fig. 2.17a, then the transformation between these two phases is discrete and
exhibits first-order character. For compositions for with (∂2Gα
′′
)/(∂c2) > 0, such as c4 which
forms α′ on rapid cooling, martensite decomposition into the equilibrium phases α and β with
compositions cα and cβ occurs by nucleation and growth.
Above a critical β-stabilizer content, the β-phase can be retained in a metastable state at low
temperatures by rapid cooling. Metastable β is also formed when the martensitic phases revert
back to β by heating above As. This β may then precipitate ωiso and α phases in order to
reach equilibrium, which is illustrated in Fig. 2.17b. The free enthalpy function of β, Gβ, in β-
isomorphous systems exhibits two minima which give rise to stable and/or metastable miscibility
gaps. In Ti-Nb the miscibility gap is considered to be metastable for all temperatures and hence
(metastable) equilibrium can only appear when ω is the Nb-lean phase and not α. Below the
maximum temperature of ω stability (485°C in Ti-Nb [32]) α precipitation from metastable β
may proceed via the intermediate diffusional formation of ωiso, as indicated in Fig. 2.17b for a
β-phase of initial composition c0.
The precipitation of ω and α from metastable β in Ti-Nb alloys was investigated in many
studies as it gives rise to a strength increase and hardening [71, 79, 80, 89, 90, 110, 124–127] which
in turn can be utilized to increase the recoverable strain during SE loading [10]. Precipitates of
α preferentially appear at β grain boundaries and at lattice imperfections while ωiso particles are
distributed rather homogeneously and with a high density inside the β-matrix. It was observed
that the ωiso particles may act as nucleation sites for α which leads via the β + ωiso → β + α
precipitation cascade to a uniform distribution of α-particles [128, 129].
In some Ti-based alloys that contain 3 to 6 alloying elements and retain β fully or partially
on quenching clearly thermally activated formation of a phase structurally similar or identical
to the orthorhombic martensite α′′ was observed [130–132]. However, the experimental evidence
suggests that this phase occurs as an intermediate structure during the precipitation of α from
metastable β in some alloys of particular compositions. The formation of this α′′-like phase
seems to be enabled by rejection of solute atoms by diffusion and hence does not exhibit a
purely displacive nature.
2.5 Deformation mechanisms of martensitic microstructures
In martensitic microstructures various deformation mechanisms are observed which may be
activated simultaneously and which lead to unusual stress-strain relationships. Martensitic mi-
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crostructures, and in particular those formed by thermoelastic martensites, are unique in the
sense that they contain a high number of twin-related crystallites which give rise to a distinctively
different deformation behavior compared to austenitic microstructures. As shortly described in
Section 2.2.2, during martensite formation differently oriented twin-related variants of marten-
site combine to minimize the elastic energies resulting from the shape change associated with the
transformation of the austenitic unit cell. Deformation of such a microstructure involves three
mechanisms: (i) Elastic deformation of martensite, (ii) martensite reorientation by detwinning
(iii) plastic deformation by dislocation movement [133, 134]. These mechanisms are schemat-
ically depicted in Fig. 2.18 [135]. In part (a) of this figure an assembly of two twin-related
martensite variants is shown, which represents the initial self-accommodated microstructure.
Elastic deformation of this assembly leads to a distortion of the original shape, as sketched in
Fig. 2.18b. The deformation mechanism that makes martensites exceptional is illustrated in
Fig. 2.18c and is termed martensite reorientation. The twin boundaries separating the marten-
site variants are often highly mobile and can move under an external stress causing one variant
to grow and the other to shrink. In this process the variant, which most effectively releases the
external stress, grows at the expense of the less favorably oriented variants.
(a) (b)
(c) (d)
Figure 2.18: Deformation of twinned martensite. (a) The initial configuration of two
twin-related martensite variants. The dashed box indicates the former shape of the parent
austenite. (b) Elastic deformation of martensite. (c) Deformation resulting from marten-
site reorientation by twin boundary motion. (d) Plastic deformation by dislocation slip.
(Adapted from [135])
Furthermore, besides elastic deformation and detwinning, martensite deformation may also
happen by regular dislocation movement, which is depicted in Fig. 2.18d. Depending on the trig-
ger stresses martensite reorientation and plastic deformation may get activated after another or
occur simultaneously as the external stress increases. Elastic strain is present at all stress levels.
A trigger stress for martensite reorientation, which is confined in a narrow range, leads to a flat
stress-plateau in the stress-strain curve [133, 134]. Conversely, if the reorientation trigger stress
is distributed in a broad range or if reorientation is inhibited the plateau vanishes and continuous
strain hardening is observed. Liu et al. [136] described that the stress-strain relationships for
the same material and the same microstructural condition differs substantially in tension and
compression. Figure 2.19 shows their stress-strain curves obtained by compressive and tensile
straining of a TiNi bar. While in tension after the initial elastic segment a stress-plateau was
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Figure 2.19: Asymmetry of compressive and tensile stress-strain curves of martensitic TiNi.
The deformation mechanism prevailing at different strain levels during tensile deformation
are indicated by the curly brackets. The well-pronounced stress plateau corresponding to
martensite detwinning occurring in tension is not observed under compression. The extent of
detwinning under compression is strongly reduced and instead dislocation formation prevails.
(Adapted from [134])
observed, under compression the material quickly strain hardened without the emergence of a
stress-plateau. They concluded that in compression mainly dislocation activity is present and
reorientation is inhibited to the largest part while in tension significant detwinning takes place.
Martensite reorientation gives rise to a permanent deformation, yet twin boundary movement
may also exhibit a reversible character if it occurs due to anelastic relaxation. Thermoelastic
martensites in SM alloys show increased anelastic effects and hysteretic energy losses upon me-
chanical loading compared to their austenitic counterparts. Anelasticity is a time-dependent
phenomenon and arises if a material is subjected to a sudden change in loading and requires
time to adjust to the new conditions [137, 138]. This adjustment proceeds via numerous and
diverse mechanisms, but all of them are based on the non-instantaneous reversible rearrange-
ment of microstructural details, such as interstitials, lattice defects and interfaces in response
to the imposed stress-field. Consequently, the microstructure of a material, specifically the type
of lattice defects and interfaces, their concentration and their mobility are closely connected to
its anelastic behavior [139]. As perfect defect-free crystals do not exist in nature, all metals
and alloys display anelasticity to varying levels. The resulting anelastic (non-instantaneous)
contributions to strain are superimposed to the purely elastic (instantaneous) ones, which are
phase intrinsic. Consequently, anelastic deformation mechanisms give rise to enlarged recov-
erable strains, i.e. the presence of anelasticity extends the limits to which a material can be
loaded without permanent shape change. Another consequence of anelastic effects is the pro-
nounced hysteretic dissipation of mechanical energy. The increased anelasticity encountered in
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thermoelastic martensites is attributed to the reversible movement of highly mobile intervariant
interfaces under the influence of an external stress field [139–141].
3 Experimental procedures
3.1 Chapter overview and aims
This chapter presents the relevant experimental techniques for the synthesis and characterization
of a series of Ti-Nb alloys. An overview of the workflow and the experimental methods applied
in this work is given and the alloy synthesis is described. Details of the measurement setups
and conditions, which are used in this work for the study of the structural properties, thermal
stability and mechanical characteristics of martensitic Ti-Nb alloys, are provided.
3.2 Overview of workflow
Figure 3.1 illustrates the general approach and lists the experimental methods applied in this
work. As will be described in more detail in the following section, preparation of the alloys started
from elemental Ti and Nb, with which 15 different compositions with nominal Nb contents of
cNb = 9, 11.5, 13.5, 16, 18.5, 21, 23.5, 26, 28.5, 31, 33, 36, 38, 39.5, 44.5 wt.% were synthesized.
The alloys were prepared and studied in two different states: in the as-cast condition and in the
homogenized and water-quenched (HQ) condition.
The goal of the present work is a fundamental study of the structural properties, the de-
formation behavior and the mechanical properties, as well as the thermal stability of partially
and fully martensitic Ti-Nb alloys. The focus is directed towards the HQ state, which exhibits
better chemical homogeneity compared to the as-cast state. The global chemical composition of
the as-cast rods was analyzed with inductively coupled plasma - optical emission spectroscopy
(ICP-OES) and carrier gas hot extraction (CGHE). Energy dispersive X-ray spectroscopy (EDX)
coupled with scanning electron microscopy (SEM) was used to visualize the local element distri-
bution in as-cast and HQ alloys. The alloy constitutions in the as-cast versus the HQ state were
studied and analyzed by X-ray diffraction (XRD), complemented by light microscopy (LM).
Rietveld refinements of XRD-data are the main source of information on the crystallography
and structural properties of the martensitic phases. Additional microstructural information was
provided by transmission electron microscopy (TEM).
The main method used to study the mechanical properties of the HQ alloys are monotonic
and cyclic compression tests. The elastic properties of the HQ alloys were examined by IET and
nanoindentation. Hardness measurements provided additional information about the strength.
The thermal stability and decomposition behavior of the HQ partially and fully martensitic
alloys were investigated by differential scanning calorimetry (DSC), dilatometry and in-situ XRD
using synchrotron radiation (SXRD). Additional heat treatments were carried out in a furnace,
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Master alloy ingots
Arc melting, 5 x remelting
Ti-cNbNb alloy rods
15 compositions, cNb = 9 - 44.5 wt.%
Cold-crucible casting, Rod dimensions:
10 mm diameter, 10 - 13 cm length
Ti
99.5 wt.%
Nb
99.8-99.9 wt.%
Homogenized (HQ) state
24 h at 1000°C and WQ
As-cast state
1additionally solution treated for
 4 h at 1000°C and WQ (STQ)
• Chemical composition
     Global: ICP-OES, CGHE
     Local: SEM-EDX
• Alloy constitution
     XRD
• Local chemical composition
     SEM-EDX
• Crystallography & alloy constitution
     XRD, Rietveld, TEM, LM
• Mechanical properties
     IET1, nanoindentation, hardness,
     monotonic & cyclic compression tests1
• Thermal stability
     DSC, dilatometry, in-situ SXRD1,
     heat treatment in furnace
     (all combined with XRD, TEM)
Figure 3.1: Overview of workflow and experimental methods used in the present work.
complemented by XRD and TEM. DSC was also used to study the martensitic transformation
temperatures and heat exchange during martensite formation and reversion.
3.3 Alloy synthesis
As indicated in Fig. 3.1, preparation of the alloys started from elemental Ti and Nb and was
conducted via a two-step melting process involving arc-melting and cold-crucible casting. Grade
2 Ti with a purity of 99.5 wt.% and Nb with a purity of 99.8-99.9 wt.% was used. Raw materials
of higher purity were not used on purpose in order to maintain a certain comparability with
industrially produced materials. In the first step of the preparation process, the surfaces of the
as-delivered Ti and Nb fragments were chemically cleaned by immersion into acidic solutions,
the compositions of which are given in Tab. 3.1.
From the cleaned fragments button-shaped pre-alloyed ingots with masses of 20-25 mg were
prepared in an arc-melter from ALD Vacuum Technologies GmbH. Arc-melting was carried out
by M. Frey of the Institute for Complex Materials at the IFW Dresden. Prior to melting the raw
materials the recipient was evacuated to 10−5 mbar, flooded with Ar (99.998 vol.%) and a piece
of Ti was liquefied to bind traces of oxygen in the Ar-atmosphere. Each ingot was turned upside
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Table 3.1: Cleaning solutions for Ti and Nb for which 40% concentrated HF and 65%
concentrated HNO3 were used.
Chemical elements Solution (vol. parts)
Ti 4 HNO3 + 1 HF
Nb 2 HNO3 + 2 HF + 1 H2O
down and remelted at least five times to ensure complete melting of the Nb fragments. The
ingots were then cut into smaller pieces and transferred to an induction cold-crucible casting
device.
3.3.1 Induction cold-crucible casting
In the second step the pre-alloyed ingots were remelted in an in-house built cold-crucible device
(shown in Fig. 3.2) and cast into water-cooled cylindrical Cu molds. In doing so, the pre-alloyed
material is inductively melted in a contact-free manner in a water-cooled Cu crucible in a Ti-
gettered atmosphere of Ar (99.998 vol.%). A rod is then inserted from below into the mold,
which is open on both ends and located beneath the crucible in a vertical position. The rod is
pushed through the mold and the levitating Ti-Nb melt is then tapped from below with the rod.
As soon as the top end of the rod is in contact with the melt, the rod is pulled downwards back
into the mold thereby guiding the melt into the mold cavity where it eventually solidifies. All
alloys in this work were cast into cylindrical Cu molds of 10 mm diameter and for each casting
round three button ingots of identical composition were used. S. Donath of the Institute for
Complex Materials at the IFW Dresden operated the cold-crucible device. Figure 3.3 shows an
example of a rod obtained by cold-crucible casting. Before further processing the cone-shaped
top visible in the right part of the photograph was removed from each rod.
The global Ti and Nb contents of the as-cast rods were analyzed by ICP-OES (IRIS Intrepid
cooling system
Cu crucible
induction coil
inert gas recipient
Cu mould
Figure 3.2: The cold-crucible casting device at the Institute for Complex Materials of the
IFW Dresden.
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20 mm
Figure 3.3: A Ti-Nb rod prepared by cold-crucible casting.
II XUV, Thermo Fisher Scientific GmbH) and their O content was determined by CGHE (LECO
USA TC-436 DR). Both methods were performed using commercial standards and all results
are based on at least 2 individual measurements. The analyses were carried out by A. Voß,
C. Geringswald and H. Bußkamp of the Institute for Complex Materials at the IFW Dresden.
The results together with their nominal compositions are listed in Tab. 3.2. The fact that
the sums of the analyzed fractions deviate from 100% could be attributed to a systematic
uncertainty of the ICP-OES measurements. The calibration of this method takes place with
standard specimens, which may deviate in their true composition by 0.5 wt.% from the nominal
composition, leading to the observed deviations from 100%. The presence of significant amounts
of impurities could be ruled out by random overview scans [142]. The scatter of the atomic
fractions between rods of the same nominal composition was comparable to the uncertainty of
the analysis methods. Hence, always the larger one of these values for each alloy was used to
calculate the mean uncertainties in Tab. 3.2. The number in the nominal composition designation
gives the Nb percentage in wt.%. Throughout this study each alloy will be referred to by
its nominal composition and unless otherwise stated alloy compositions are denoted in wt.%.
In most diagrams, in addition to wt.% the Nb content is also represented in at.% to allow
comparison of the effect of Nb with the effect of other chemical elements.
3.3.2 Homogenization treatment
As will be shown in Section 4.2, the cooling rates at play during cold-crucible casting are too
low to suppress Nb diffusion resulting in Nb segregation in the cast materials and further in the
loss of martensite formation in Nb-rich alloys. Hence, in order to prepare a chemically uniform
martensitic state the cast rods were subjected to a homogenizing solution heat treatment in
the single β-phase field followed by rapid cooling to RT by quenching into water. Therefore,
each rod was placed in a silica glass tube, which was then evacuated, filled with 150 mbar Ar
(99.999 vol.%) and closed with a gas burner. The closed tubes were put into a resistively heated
furnace pre-heated to 1000°C. After 24 h at 1000°C the tubes were removed from the furnace
and crushed with pliers directly above a water basin. By falling into the water the rods were
quenched. Impurity analysis by CGHE could not detect any changes of the oxygen levels in the
homogenized relative to the as-cast bulk materials.
The quenching procedure in the final step of the HQ treatment did not always produce a
uniform quench. This became evident from changes in the amounts and types of phases observed
by XRD of different sections of the rods. Moffat [79] reported on similar inhomogeneities in
water-quenched rods of binary Ti-Nb alloys. To improve the structural homogeneity the rods
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Table 3.2: Ti, Nb and O contents of the as-cast alloys.
Analysis result
Nominal
composition
Ti Nb O Ti Nb O
(wt.%) (wt.%) (wt.%) (wt.%) (at.%) (at.%) (at.%)
Ti-9Nb 89.68 9.07 0.096 93.62 4.88 0.300
Ti-11.5Nb 87.35 11.41 0.091 92.29 6.21 0.288
Ti-13.5Nb 85.61 13.69 0.097 91.45 7.54 0.310
Ti-16Nb 83.08 16.15 0.100 89.94 9.01 0.323
Ti-18.5Nb 80.73 18.60 0.082 88.57 10.51 0.269
Ti-21Nb 78.32 21.15 0.082 87.18 12.13 0.273
Ti-23.5Nb 76.60 23.48 0.125 86.19 13.61 0.419
Ti-26Nb 74.04 26.11 0.124 84.53 15.36 0.424
Ti-28.5Nb 71.78 28.51 0.092 83.11 17.01 0.319
Ti-31Nb 68.69 31.10 0.130 80.64 18.81 0.457
Ti-33Nb 65.50 33.22 0.074 77.94 20.37 0.263
Ti-36Nb 63.14 35.93 0.077 76.31 22.37 0.278
Ti-38Nb 60.53 38.36 0.082 74.20 24.23 0.299
Ti-39.5Nb 58.61 39.27 0.089 72.23 24.94 0.328
Ti-44.5Nb 54.80 44.62 0.095 69.80 29.28 0.362
Mean
uncertainty
±0.31 ±0.09 ±0.005 ±0.35 ±0.06 ±0.017
in the present work were homogenized in smaller pieces large enough to extract the specimens
for a specific measurement or experiment. For cutting the rods an abrasive wheel saw equipped
with a SiC blade was used. Where the required volume was still relatively large, the specimens
were additionally solution treated and quenched (STQ) after extraction from the HQ material.
To this end, the samples were again encapsulated in silica glass tubes filled with 150 mbar of
Ar (99.999 vol.%), then heated to 1000°C and after holding for 4 h quenched into water by
breaking the glass tubes. For all quenching treatments performed in this work the quench end
temperature Tq is RT.
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3.4 Structural analysis
3.4.1 X-ray diffraction (XRD) and in-situ experiments
XRD
XRD provided information on the type and quantity, as well as on the crystallography of phases.
It allowed to determine the influence of the Nb content on the martensitic unit cells and to detect
phase transformation products in deformed and heat-treated samples.
In-house XRD was performed at RT in two different geometries on two diffractometers: (i) in
flat-plate transmission geometry using a Stoe STADI P device (Mo Kα1 radiation, wavelength
λ = 0.70930 A˚) and (ii) in Bragg-Brentano (reflection) geometry using an X’Pert PRO MPD
device equipped with a PW3015 diffractometer (Co Kα radiation, λ = 1.79031 A˚). Specimens
measured in transmission were thinned to about 100 µm thickness by wet grinding on SiC paper.
This geometry was used whenever the analyzed specimen was not needed for further experiments.
Specimens for measurements in reflection geometry were ground on that face which was then
exposed to the X-rays. This geometry was used if the specimen was needed for subsequent
experiments.
All XRD patterns in this study were converted from the 2θ-space into the Q-space to allow
comparison of the reflection positions in patterns recorded with different X-ray wavelengths.
This was done according to the relationship between the magnitude Q of the diffraction vector,
the semi-angle θ between the incident and diffracted beam and the wavelength λ [143]
Q =
4pi sin θ
λ
. (3.1)
In-situ XRD with synchrotron radiation (SXRD)
In-situ heating experiments were carried out at the ID11 materials science beamline of the Euro-
pean Synchrotron Radiation Facility (ESRF) in Grenoble, France. These experiments provided
insight into the decomposition process of the orthorhombic martensitic phase α′′ at elevated
temperatures and gave information not accessible with standard XRD. Because standard XRD
was carried out at RT, it yielded only indirect evidence of phase transformations. In contrast, the
in-situ experiments provided information about the transformation educts and products directly
at the reaction temperature.
The in-situ experiments were performed on thin rods (diameter ≈ 800µm) placed in a re-
sistively heated stage (Linkam), which in turn was mounted in the synchrotron beam. The
measurement setup is shown in Fig. 3.4. The samples were extracted from the HQ rods by
electrical discharge machining (EDM), further thinned by grinding and subjected to STQ (4 h
at 1000°C in Ar followed by water quenching) to improve the phase homogeneity.
The incident beam had a wavelength of λ = 2.06860 A˚ and its cross-section was 50 × 50 µm2
in size. A 2-dimensional FReLoN camera with 2048 × 2048 pixels centered on the unscattered
transmitted beam was used to record the diffraction patterns. To calibrate the sample to detector
distance patterns of a standard CeO2 powder sample were recorded. Heating took place with a
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2-dimensional
detector
beam stopper heating stage
with sample
purge gas lines
incoming X-ray
photons
Figure 3.4: The SXRD setup at the ID11 at the ESRF used for the in-situ heating exper-
iments. The photons enter the setup from the right, get diffracted at the sample inside the
heating stage and hit the detector on the left.
rate of 10°C/min in a dynamic Ar-atmosphere. One diffraction pattern per °C was recorded using
a camera exposure time of 200 ms. The 2-dimensional diffraction patterns were corrected for
background and integrated over the full azimuthal range of 360°. Pattern calibration, background
subtraction and integration were performed through the Fit2D software [144] and in doing so,
1-dimensional patterns were obtained. On these patterns phase analysis was carried out and the
lattice parameters of the respective phases were extracted by structureless (Le Bail) refinements
using the FULLPROF program suite [145].
3.4.2 Refinement of crystal structure with the Rietveld method
The position and occurrence of Bragg-reflections due to diffraction by a crystalline material
depend on the lattice geometry, in particular on the dimensions, angles and centering of the unit
cell. The reflection intensities are determined by the atoms in the basis, i.e. by their arrangement
and their ordinal numbers. If there is more than one phase present, the total intensity of all
Bragg-reflections of a phase indicates its amount in the specimen. By fitting a calculated pattern
based on crystal structure models of the individual phases to the measured pattern the models
can be refined and phase fractions determined.
The goal of a Rietveld refinement is to achieve the best fit of a model function and the recorded
diffractogram to extract structural information on the diffracting specimen [146–148]. In this
method the entire measured pattern of diffracted intensity is modeled including sample specific
crystallographic and microstructural details as well as instrumental effects. The calculated
pattern is assembled by placing intensity profile functions at the Bragg angles. The overall
calculated intensity Icalc,i at the i-th step in the diffraction pattern is a summation of the
reflection profiles of all phases and the background:
Icalc,i = Ibkg,i +
∑
p
Sp
∑
B
Ip,BΦ(2θi − 2θp,B) (3.2)
The summation indices p and B = (hkl) run over all phases and Bragg reflections, respectively.
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The variables on the right side of Eq. 3.2 have the following meaning:
Ibkg,i . . . . . . . . . . . . Background contribution at step i
Sp . . . . . . . . . . . . . . Scaling factor of phase p. It is proportional to the fraction of phase p in
the specimen.
Ip,B . . . . . . . . . . . . . Integrated intensity (total area) of reflection B = (hkl) of phase p. As
most important factor it includes |F |2, the squared modulus of the struc-
ture factor, which is determined by the type of the atoms and their po-
sitions in the unit cell. Further, among other factors, allowance is made
in Ip,B for effects such as absorption, preferred orientation, reflection
multiplicity, polarization and the Debye-Waller factor.
Φ(2θi − 2θp,B) . . Profile function that models the intensity distribution of reflection B =
(hkl) of phase p. It incorporates both sample and instrumental effects.
In the case of X-rays, a profile function widely accepted to adequately describe the peak
shape of the Bragg reflections is the pseudo-Voigt function pV (2θ) [149]. This profile is a linear
combination of a Gaussian function G(2θ) and a Lorentzian function L(2θ):
pV (2θ) = ηL(2θ) + (1− η)G(2θ) (3.3)
G(2θ) =
2
H
√
ln 2
pi
exp
[
−4 ln 2
H2
(2θB − 2θ)2
]
(3.4)
L(2θ) =
2H
pi
[
H2 + 4 (2θB − 2θ)2
] (3.5)
The mixing parameter η in Eq. 3.3 allows to adjust the character of the pseudo-Voigt pro-
file between Gaussian (η = 0) and Lorentzian (η = 1) depending on the extent of reflection
broadening originating from the sample. The profile widths are described by the full-width at
half-maximum H. The profile function contains refinable parameters describing the crystallog-
raphy and microstructure of the specimen and refinable parameters relating to the measurement
geometry. Specimen contributions include broadening due to the finite size of the coherently
scattering domains, broadening due to lattice strains, and non-random orientation distribution
of the coherent scattering domains. Commonly observed effects to the profile shape originating
from the instrument are peak asymmetry and systematic line shifts (e.g. due to displacement of
the specimen out of the diffractometer center or miscalibrated zero-point of the detector). The
overall profile is obtained by convoluting the Bragg line pattern with all specimen contributions
and instrument contributions.
Before the start of the refinement an initial structural model and starting values of the refinable
parameters are required. Since the model function is non-linear in the fit parameters the initial
model and starting values should not be too far off the best-fit values. The agreement of the
model with the measured diffractogram is assessed by different R-values, such as the weighted-
profile R-value
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Rwp =
{∑
i [wi (Imeas,i − Icalc,i)]2∑
i [wiImeas,i]
2
} 1
2
, (3.6)
which typically includes the estimated standard deviation σ of the observed intensities as weight-
ing factors wi =
1
σi
. Imeas,i is the measured intensity at the i-th step in the diffractogram. The
smaller Rwp the better the quality of the fit - in mathematical terms. The weighted difference
between the observed and calculated diffraction patterns in the numerator of Eq. 3.6 (Rietveld
residual) is the value that is being minimized during the refinement. The meaning of the R-values
is of pure mathematical nature and thus individual appraisal of the refined model parameters
for physical plausibility by the scientist is required.
In the present work, Rietveld refinement of X-ray diffractograms gave information on the
crystallography of the observed phases and, in particular, it allowed to gain knowledge about
lattice parameters and atom positions. The refinements were performed using the FULLPROF
software package [145]. The reflection profiles were calculated with Thompson-Cox-Hastings
pseudo-Voigt functions convoluted with axial divergence asymmetry [149] and for each pattern
the background was modeled by a series of linear segments, which was included in the refinement.
The stoichiometry of the structural model was adjusted and kept constant according to the values
obtained by ICP-OES and all phases were assumed to be chemically disordered. For all patterns
the same parameter set was included in the refinement and the procedure followed the general
guidelines for Rietveld-refinements given by McCusker et al. [148]. The refinement uncertainty
of one or two significant digits is given in parentheses after each refined value.
3.4.3 Electron and light microscopy
Scanning electron microscopy (SEM) and light microscopy (LM)
Metallographic investigations of bulk samples in the as-cast and the HQ condition were carried
out by SEM in combination with EDX as well as by LM.
The specimens were extracted from the rods by an abrasive wheel saw using a SiC blade and a
water-based coolant and were afterwards embedded in a cold-hardening resin. This was followed
by wet grinding on SiC papers with increasing grit size up to P4000. Subsequently, the specimens
were polished with a mixture of 9 volume parts of a colloidal suspension of SiO2 (OPS, Struers)
blended with 1 volume part of H2O2 (30% concentrated). In this state the surface of quenched
specimens did not exhibit any microstructural features when looked at in the light microscope.
Thus, for light microscopy (LM) the specimens were additionally etched for a few seconds in a
solution of 5 HF + 10 HNO3 + 85 H2O, for which 40% concentrated HF and 65% concentrated
HNO3 were used.
The SEM used in this work was a LEO 1530 equipped with a field emission gun and a Bruker
Xflash 4010 EDX system. These investigations revealed chemical inhomogeneities and provided
basic information on the morphology of the quenched-in microstructures.
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Transmission electron microscopy (TEM)
TEM was performed to gain complementary information on the morphology and assembly of
selected microstructures. The TEM used in this work was a FEI Tecnai 20 operated at 200 kV.
Selected area electron diffraction (SAED) was carried out to identify the microstructural con-
stituents and the obtained SAED-patterns were indexed with the JEMS software package [150].
It allows building a crystal structure either by manually entering the necessary information
(space group, atom species, Wyckoff positions, fractional coordinates, occupancies) or by sup-
plying a crystallographic information file (cif-file). Once the crystal structure information is
entered, the corresponding electron diffraction patterns can be calculated for arbitrary orien-
tations of the electron beam (zone axis). The simulated patterns are then compared with the
experimental patterns and the simulated pattern which shows the best agreement reveals the
corresponding beam orientation (zone axis).
Specimens for TEM were prepared by the Focused Ion Beam (FIB) lift out technique using
Ga ions. The FIB instrument (FEI HELIOS NanoLab 600i) was operated by A. Po¨hl and T.
Sturm of the Institute for Metallic Materials at the IFW Dresden. The sample surfaces, from
which TEM specimens were extracted, had been polished beforehand using the same procedure
used for SEM and LM samples.
3.5 Thermal analysis
3.5.1 Differential scanning calorimetry (DSC)
Calorimetry was the most important tool in this work to study thermal instabilities and the oc-
currence of precipitation reactions and phase transformations. Two different DSC instruments
were used in this study: a Netzsch DSC404 for high temperature measurements up to 1150°C
and a Perkin Elmer P8500 for the investigation of the martensitic transformation below 250°C.
Former measurements were carried out with heating and cooling rates of 10°C/min in a con-
tinuous Ar-flow (99.999 vol.%) and the latter with heating and cooling rates of 20°C/min in
a continuous N2-flow (99.999 vol.%). The Perkin Elmer P8500 calorimeter was located at the
Faculty of Physics of the University of Vienna, Austria.
Samples were cut by an abrasive wheel saw with a SiC blade using a water based coolant and
ground with fine grit SiC paper on all faces to remove surface contaminations. Afterwards the
samples were cleaned with ethanol in an ultrasonic bath. The samples had masses of 40-60 mg.
3.5.2 Dilatometry
In addition to DSC, dilatometry was employed to study precipitation reactions and thermally
induced phase transformations in order to gain information complementary to DSC. In this
work a Netzsch DIL204c device operated with heating and cooling rates of 5°C/min was used.
The sample chamber was purged with Ar (99.999 vol.%) during the measurements. Cylindrical
samples 2 mm in diameter and 20 mm in length were extracted from the HQ rods parallel to the
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rod axes by EDM. Co-planarity of the top and bottom faces was established by grinding with
SiC paper before the experiments.
3.6 Mechanical characterization
3.6.1 Impulse excitation technique (IET)
The mechanical resonance frequencies of a solid body are characteristic of its mass, shape,
dimensions and elastic properties. By measuring the resonance frequencies the elastic moduli of
specimens of well-defined geometry thus can be determined in a non-destructive way [151, 152].
For a rectangular bar (Fig. 3.5) with isotropic, homogeneous elastic properties the Young’s
modulus E depends on the fundamental (that is lowest) flexural resonance frequency ff in the
following way
E = 0.9465 · m
w
·
(
l
t
)3
· f2f ·RE . (3.7)
Similarly, the shear modulus G is related to the fundamental torsional resonance frequency ft
according to
G = 4 · ml
wt
· f2t ·RG. (3.8)
t, w, and l are the specimen thickness, width and length, respectively, m stands for the specimen
mass. RE and RG are correction factors accounting for the aspect ratio of the specimen. If
l
t > 20
(as valid for the specimens of this work) RE and RG can be calculated directly from the specimen
dimensions t, w, and l with sufficient accuracy [152].
The specimens used in this work were flat bars (t = 2 mm, w = 9.5 mm, l = 55 mm) extracted
parallel to the HQ rod axis by EDM. After extraction the bars received an additional STQ (4 h
at 1000°C in Ar and water quenching). All faces were mechanically ground to remove the surface
oxide layer caused by quenching.
t
w
l
supporting
strings
microphone(a) (b)
Figure 3.5: (a) Flexural and (b) torsional vibration setup. For each setup the position
of the microphone is indicated by a white dot on the specimen and the fundamental nodal
lines are shown by dashed lines. Suitable positions for the impact excitation are indicated
by a black dot. (After [151, 152])
48 3. Experimental procedures
Measurements were performed in flexural and torsional setups to obtain E and G, respectively.
In flexion the excitation was carried out in such a way that the direction of vibration was normal
to the major plane of the specimen (out-of-plane flexure) [152]. For each setup the specimen
was supported by strings on the corresponding fundamental nodes, as illustrated in Fig. 3.5.
Excitation of vibration was carried out manually by tapping the specimen with a small ceramic
ball mounted on a flexible rod. A microphone coupled to a resonance frequency analyzer was
used to record and evaluate E and G from the resonance spectrum [151]. E and G measured in
this way correspond to the Young’s modulus parallel to the rod axis and to the shear modulus
for torsion about an axis parallel to the rod axis, respectively.
The IET setup used for this study was located at the Department of Metallurgy and Materials
Engineering of the Katholieke Universiteit Leuven, Belgium.
3.6.2 Nanoindentation and microhardness
Nanoindentation and Vickers microhardness measurements were conducted to determine the
Young’s modulus E and to estimate the strength of the alloys. Both methods were performed
on ground and polished transverse sections of the HQ rods. The preparation procedure was
the same as described above for the metallographic specimens. Nanoindentation was performed
with a Berkovich indenter (E = 1140 GPa, Poisson’s ratio ν = 0.07) in an UNAT equipment
from ASMEC laboratories. On each sample 25 indents were placed in a 5 x 5 array, where
the indents had a distance of 50µm. A maximum load of 100 mN was applied and E was
calculated from the unloading curves according to the method of Oliver and Pharr [153]. As
IET measurements of E and G were performed on a limited number of alloy compositions the
average Poisson’s ratio (ν = 0.369±0.025) of the IET measurements was used for the evaluation
of E by nanoindentation. The nanoindenter setup used in this work was located at the Faculty
of Physics of the University of Vienna, Austria, and the measurements were performed by A.
Panigrahi.
Vickers microhardness measurements were performed with a Shimadzu HVM-2000 microhard-
ness tester and 10 indents with a distance of at least 5 indent diameters in between each other
were placed randomly on each sample through applying a load of 100 g and a holding time of
10 s.
3.6.3 Compression tests
Monotonic and cyclic compression tests were performed in an INSTRON 5869 machine on cylin-
drical specimens with 3 mm diameter and 6 mm height. Specimens were extracted by EDM
parallel to the axis of the HQ rods. In doing so, the rod axis was omitted in order to avoid the
presence of pores, originating from the casting process. To improve the microstructural homo-
geneity the specimens were then enclosed in silica glass tubes filled with Ar (99.999 vol.%) and
STQ (holding for 4 h at 1000°C and quenching into water). The top and bottom surfaces were
ground before the experiment to establish co-planarity and to avoid deviation from the uniaxial
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stress state. For every alloy and microstructural condition at least 3 identical specimens were
tested and for all specimens an initial strain rate of 4.2 · 10−4 s=1 was used keeping the cross-
head speed constant during the tests. Strain was recorded with a laser extensometer of Fiedler
Optoelektronik. For monotonic tests specimens were loaded until failure occurred. Cyclic tests
consisted of strain increments of 0.5% strain, each followed by unloading to zero stress. Every
loading-unloading sequence produced a hysteresis loop and the last unloading was conducted
from an applied strain of εtotal = 4.5 %.
4 Structural properties of martensitic Ti-Nb
alloys
4.1 Chapter overview and aims
In this chapter, the phase formation and structural properties of Ti-Nb alloys are studied and
discussed. The focus lies on the fundamental structural properties of the martensitic phases
in the Ti-Nb system. First, the phase formation in as-cast in comparison with HQ binary
Ti-Nb alloys is investigated and compared. Subsequently, the influence of the Nb content on
the martensite crystallography is described and discussed and refined structural models of the
martensitic phases are presented. The main results of this chapter are obtained on the basis of
XRD and Rietveld refinements. Using the refinements, the influence of the Nb content on the
martensite lattice parameters, the lattice strain and volume change associated with martensite
formation is examined. This chapter closes with a study of the magnitude of the atom shuﬄes
related to the martensitic transformations as a function of Nb content. All X-ray diffractograms
shown in this chapter were recorded in flat plate transmission geometry.
4.2 Structural competition and phase formation in Ti-Nb alloys
The alloys examined in this work were prepared by arc-melting followed by cold crucible cast-
ing and homogenization treatment in the single β-phase field. The homogenization ended by
quenching the rods from 1000°C into water at RT. Due to the very slow diffusion of Nb in both
hcp α- and bcc β-Ti host lattices [32, 89] the phase formation in the Ti-Nb alloy system is very
sensitive to the prevailing cooling condition. At least four metastable phases have been observed
in these alloys: The martensites α′ and α′′, ω- and β-phases. While the equilibrium α+β phases
only form after prolonged annealing at elevated temperatures [71, 80] the martensites α′ and α′′
form by rapid cooling of β below the Ms temperature. If the quench end temperature Tq > Ms
the β-phase may be retained in a metastable state at Tq. During thermal treatment ω may form
athermally, thereby conserving the composition of the parent β structure, as well as isothermally
via diffusion-based solute partitioning [4, 112]. To compare the phase formation in cast and HQ
materials XRD in flat plate transmission geometry at RT and electron microscopy (SEM, TEM)
are employed. An overview of the structural constitution of the alloys in the different states is
presented in Tab. 4.1.
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Table 4.1: Overview of the phases identified by XRD in the as-cast and in the HQ speci-
mens.
Nominal alloy
composition
Identified phases
wt.% as-cast homogenized and
quenched (HQ)
Ti-9Nb α′(+β + ω)
Ti-11.5Nb α′(+β + ω)
Ti-13.5Nb α′(+α′′ + β + ω)
Ti-16Nb α′′(+β + ω)
Ti-18.5Nb α′′(+β + ω)
Ti-21Nb α′′(+β + ω)
Ti-23.5Nb α′′(+β + ω)
Ti-26Nb α′′(+β + ω)
Ti-28.5Nb α′′(+β + ω)
Ti-31Nb α′′ + β(+ω) α′′(+β + ω)
Ti-33Nb β(+α′′ + ω) α′′(+β + ω)
Ti-36Nb β(+ω) α′′ + β(+ω)
Ti-38Nb β β + α′′(+ω)
Ti-39.5Nb β β
Ti-44.5Nb β β
4.2.1 Phase formation upon casting
Figure 4.1 shows the X-ray diffractograms of the Ti-Nb alloys in the as-cast state. A logarithmic
scaling of the ordinate is used to enhance the visibility of low-intensity reflections. Depending
on the Nb content cNb, the main phase in as-cast alloys is either hcp α
′, orthorhombic α′′ or
bcc β. At Nb contents below 13.5 wt.% α′-martensite forms the main phase, for 16 wt.% 6
cNb 6 31 wt.% α′′-martensite dominates and for cNb > 33 wt.% β is the main phase. In alloys
containing > 38 wt.% Nb, bcc β was the single phase detected.
Due to their structural similarity Bragg reflections in diffraction patterns of β and ω suffer
from severe overlap, which is illustrated in Fig. 4.2. This figure shows calculated X-ray diffrac-
tograms which were computed beginning with the β-phase, Fig. 4.2a, having a lattice parameter
of aβ = 3.282 A˚ and the composition Ti-26Nb (see Section 4.3.1). The computation was per-
formed with a kinematical approximation including Lorentz and polarization correction using
JEMS [150]. The lattice parameters of both hexagonal ω (Fig. 4.2b) and trigonal ω (Fig. 4.2c)
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Figure 4.1: X-ray diffractograms of as-cast Ti-Nb alloys prepared by cold crucible casting
using a water-cooled Cu-mold.
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Figure 4.2: Calculated XRD patterns of (a) bcc β-phase (b) hexagonal ω and (c) trigonal
ω (z = 5/12) for Ti-26Nb solid solutions. All Bragg reflections of β strongly overlap with
those of ωath. This ambiguity complicates the identification of β.
were estimated according to the relations aω = aβ
√
2 and cω = (aβ/2)
√
3. For trigonal ω the
fractional coordinate z describing the extent of the {222}β plane ’collapse’ was set to 5/12.
Comparison of the diffraction patterns shows that all β-reflections overlap with reflections of ω.
This circumstance severely hampers the unambiguous identification of these two phases from
1-dimensional diffraction patterns.
Due to the close structural relation between β and ω and the resulting high similarity of their
diffraction patterns, the diffraction patterns of samples containing low volume fractions of β
and/or ω close to the experimental detection limit of XRD (2−5 wt.%) may be interpreted both
in terms of β and ω. For Nb contents > 23.5 wt.% the volume fraction of β strongly increases
and above 38 wt.% Nb only the bcc β-phase could be detected. These results agree very well
with those reported by Lee et al. [154]. Minor differences in the observed phase constitutions
may be caused by the use of graphite molds by Lee et al., which typically yield lower cooling
rates than Cu molds, thus favoring diffusional α and ωiso formation over the athermal β → α′/α′′
and β → ωath transformations.
4.2.2 Phase formation upon homogenization and quenching
In order to prepare a chemically uniform martensitic state the as-cast rods were subjected to
a homogenization treatment followed by water quenching (HQ). The relatively slow cooling
rate during cold crucible casting (< 103°C/s) allows Nb atoms to segregate during the cooling
process. Upon casting the melt solidifies in the bcc crystal structure of the β-phase. During
further cooling to RT the broad α+β two-phase region below the single-phase β-zone is entered
leading to the formation of Nb-rich dendrites embedded in a Ti-rich interdendritic matrix. The
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resulting variations in chemical composition are micrometer-scaled. They can be ıˆmaged by
electron back scatter contrast or spatially resolved X-ray spectroscopy, e.g. by an EDX-system
coupled to a SEM. This is illustrated in Figs. 4.3a and 4.3b for the alloy Ti-28.5Nb. Slower
cooling rates such as those occurring during cooling in vacuum or in gas may cause pronounced
precipitation of α [155, 156].
(b)
(a) (c)
(d)
200 µm
NbTi
1 mm1 mm
200 µm
NbTi
Figure 4.3: Effect of homogenization (24 h at 1000°C followed by water-quenching) on the
spatial distribution of Ti and Nb in Ti-28.5Nb. (a) Back scatter electron image and (b)
SEM-EDX mapping of the as-cast state. (c) Back scatter electron image and (d) SEM-
EDX-mapping after HQ treatment. Bright areas in the EDX-mappings contain higher con-
centrations of the element indicated.
Heating this dendritic microstructure above the β-transus, holding it at a constant tempera-
ture of 1000°C for 24 h and quenching it into water eliminates the microscale chemical fluctuations
present in the castings. This is demonstrated in Figs. 4.3c and 4.3d which show a back scatter
image and SEM-EDX elemental map of the same alloy after the HQ treatment. Experiments
with shorter holding times of 4 h at 1000°C gave comparable results. In order to guarantee
nominally identical preparation conditions throughout the production process for all alloys the
holding time of the homogenization treatment is kept constant at 24 h throughout this work.
Similar to the as-cast alloys, the main structural constituent in the HQ alloys is either α′, α′′ or
β, as demonstrated by the X-ray diffractograms in Fig. 4.4. In almost all alloys minor amounts
of ω and/or retained β are present. Representative micrographs are shown in Fig. 4.5. Table 4.1
compares the constitution of phases of the alloys in the as-cast and the HQ state. In Nb-lean
HQ alloys containing less than about 13.5 wt.% Nb hexagonal martensite α′ is found, similar to
the as-cast state (Fig. 4.1 and Tab. 4.1). Alloys with 16 wt.% < cNb < 33 wt.% consist primarily
of the orthorhombic martensite α′′. An example of a martensitic microstructure is shown in
Fig. 4.5a. In contrast to the as-cast alloys, the amount of β in the HQ samples containing
less than ≈ 36 wt.% Nb is significantly reduced. The HQ samples also show reduced amounts
of ω compared to the as-cast samples. Hence, the ω-phase found in the as-cast alloys can be
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Figure 4.4: X-ray diffractograms of Ti-Nb alloys in the HQ state, i.e. homogenized in the
β-phase field and quenched into water.
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Figure 4.5: LM images of the HQ Ti-Nb alloys: (a) α′′-microstructure in Ti-16Nb (White
dashed lines indicate former grain boundaries of the parent β-phase.), (b) β-phase in Ti-
38Nb partially transformed into α′′, (c) β-phase in Ti-44.5Nb retained at RT by quenching.
regarded as isothermal ωiso that formed by chemical demixing. The higher cooling rate occurring
during quenching relative to casting suppresses the chemical demixing necessary to form ωiso.
Besides α′′, alloys with cNb > 36 wt.% contain clearly detectable amounts of retained β which
by quenching did not transform to martensite (Figs. 4.4 and 4.5b). Slightly different lower
limits for the presence of retained β ranging between 28.5 − 35.4 wt.% Nb have been reported
in the literature [10, 93]. These discrepancies may result from the presence of minor amounts
of ωath and/or ωiso in these alloys. Comparison of calculated one-dimensional XRD patterns
of β and of ω reveals that the Bragg-reflections of these phases exhibit strong overlapping, as
demonstrated by Fig. 4.2. If the reflections unique to ω, such as (0001)ω, {112¯1}ω or (0002)ω,
are not excited or absent because of the low volume fraction of ω, the remaining reflections may
be easily interpreted in terms of β instead of ω. For cNb > 39.5 wt.% only β and no secondary
phases are detected by XRD (Fig. 4.4 and Tab. 4.1). Figure 4.5c provides an example of the
corresponding microstructure.
The changes in peak positions and peak intensities of α′′-martensitic alloys evidence that the
lattice parameters of the α′′ lattice and the atomic positions inside the α′′ unit cell are sensitive
to the amount of β-stabilizers present [78, 100, 106, 107]. In order to clarify these changes the
structural model of α′′ was refined in dependence of Nb content as presented in detail in the
following section.
4.3 Composition dependent crystallography of the martensitic
phases α′ and α′′
As mentioned previously, microstructures dominated either by α′, α′′ or β are encountered
upon increasing the Nb content from cNb = 9 wt.% to cNb = 44.5 wt.%. On all alloys Rietveld
refinements were carried out aiming to extract the variation of the lattice parameters of the
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martensitic and of the β-phases as a function of Nb content and to determine the phase fractions
in the α′′ + β two-phase compositions. The stoichiometry of the structural models used for the
Rietveld refinements was fixed based upon the results of the chemical analysis by ICP-OES (the
O-content was neglected) and the phases were regarded as solid solutions. For all patterns the
same set of parameters was refined and for α′′ the position of atoms on the (002)α′′ plane was
included in the refinements. At first, exclusively results relating to the lattice parameters are
presented and discussed. Results relating to the atom positions on the (002)α′′ plane will be
presented at a later point in Section 4.3.4.
4.3.1 Influence of Nb content on the martensite lattice parameters and volume
fractions
Figure 4.6 shows experimentally obtained X-ray diffractograms of three alloys exhibiting mi-
crostructures representative of α′, α′′ and β. These diffractograms are compared with the cor-
responding calculated and refined diffractograms obtained by Rietveld analyses. Based on the
refinements the composition dependence of the lattice parameters and the volume fraction of
β in the α′′ + β two-phase alloys were determined; the results of these analyses are presented
in Fig. 4.7. The tentative Tammann diagram in Fig. 4.7a illustrates the alloy constitution in
dependence of Nb content and Fig. 4.7b shows the refined lattice parameters of α′, α′′ and β.
On the basis of the lattice parameters in Fig. 4.7b, the upper and lower composition limits
of α′′ are determined as cNb = 13.9 wt.% Nb and cNb = 38.7 wt.% Nb, respectively. These
values are the average values of the compositions closest to each limit. Despite the differences
in the crystal symmetries of α′ and α′′ in alloys in the vicinity of the α′/α′′ boundary their
typical zone axis geometries (i.e. the magnitudes of the reciprocal lattice vectors and the angles
enclosed by them) are very similar. This limitation is illustrated in Fig. 4.8, where Fig. 4.8a
shows two martensite crystallites in Ti-16Nb and Fig. 4.8b the SAED-pattern of one of the
crystallites recorded with the electron beam parallel to a low-index zone axis. In Fig. 4.8c two
calculated electron diffraction patterns of α′ and α′′ along equivalent zone axes and for the same
composition as in Fig. 4.8b are compared. The lattice parameters of α′ used for the calculation
were extrapolated from the linear regressions at low Nb contents, which are given in Tab. 4.4
and will be discussed below. The calculated diffraction patterns of α′ and α′′ in Fig. 4.8c
appear identical within the limits of experimental accuracy achievable with the TEM used in
this work, which accounts to about 5 − 10% of the measured value depending on the settings
of the instrument and measurement conditions. As a result, unambiguous phase assignment to
electron diffraction patterns is limited to those alloys, in which the differences in the crystal
structures yield changes in the electron diffraction patterns that amount to more than the
5 − 10% measurement accuracy. Hence, due to the limitations of the experimental equipment,
neither XRD nor SAED was able to distinguish between α′ and α′′ around the critical value of
cNb = 13.9 wt.%. Taking this into consideration, the transition from α
′ to α′′ may lie slightly off
the extrapolated value of 13.9 wt.% Nb shown in Fig. 4.7.
The orthorhombic α′′ martensite is present in the alloying range between the hexagonal α′
and the cubic β-phases in HQ alloys. For Nb contents cNb > 36 wt.% significant amounts of β
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Figure 4.6: Experimental and calculated X-ray diffractograms of selected Ti-Nb alloy com-
positions in the HQ state: (a) Ti-13.5Nb representative of hcp α′-martensite, (b) Ti-23.5Nb
representative of orthorhombic α′′-martensite and (c) Ti-39.5Nb representative of the bcc
β-phase. At the bottom of each diagram a difference plot of the measured and calculated
intensities is shown. Between the difference plots and the diffractograms the positions of
the Bragg-reflections of the corresponding phase are indicated by vertical bars. (Adapted
from [100])
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Figure 4.7: (a) Tentative Tammann diagram showing the volume fractions of α′, α′′ and
metastable β in HQ Ti-Nb alloys. The dashed line denotes the preliminary boundary be-
tween α′′ and β. (b) The lattice parameters of Ti–Nb martensites (α′, α′′) and metastable
β, as obtained from Rietveld analyses of the alloys studied in this work (shown as filled red
circles), compared with experimentally obtained values reported in the literature. For each
parameter the best-fit straight line is shown in gray. The numerical values of the data points
obtained in the present study are provided in Tab. 4.3. (Adapted from [100])
are retained. However, the results do not allow to report a definite Nb content for which the
martensite finish temperature Mf equals RT. This is caused by low amounts of β and/or ω, which
cannot be distinguished from each other by XRD with full certainty if the volume fractions are
low and which were regularly found in all martensitic alloy compositions. From cNb ≈ 36 wt.%
onward addition of Nb leads to a gradual increase in the volume fraction of β (Fig. 4.7a). This
is because of the progressive drop of the martensitic transformation temperatures, Ms and Mf ,
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Figure 4.8: (a) Bright-field TEM image of two martensite crystallites in HQ Ti-16Nb.
(b) Experimentally obtained SAED-pattern of the region indicated by the dashed circle in
the bright-field image in (a). (c) Comparison of calculated electron diffraction patterns of
orthorhombic α′′ and hcp α′ in [010]α′′ and [101¯0]α′ zone axis orientation, respectively. The
zone axis geometries are identical within the limits of the experimental accuracy encountered
in the TEM used in this work. Hence (b) may be indexed both in terms of α′ and α′′.
by the addition of the β-stabilizer Nb. At cNb = 38.7 wt.%, the martensite start temperature
Ms falls below RT, leading to a single-phase β microstructure in alloys containing higher solute
contents quenched from the β-phase field.
The range of occurrence of the bcc β-phase in alloys based on group IVa elements is largely
related to the elastic constants of the cubic lattice, in particular to (C11 − C12) [137, 157].
(C11 − C12)/2 corresponds to the modulus of a shear across a {110}β plane along 〈1¯10〉 β. The
lower (C11 − C12) the less mechanically stable is β and (C11 − C12) is considered to fall below
a critical value at the martensitic transformation temperature. As will be shown later in this
chapter (Section 4.3.4) and has been discussed in the literature [78, 158] shears of this type
contribute to the β → α′/α′′ martensitic transformation.
General trends in the elastic tensor components of transition metals can be explained in terms
of a uniform electron gas theory [159, 160] and among the decisive parameters is the bonding
valence [159]. (C11−C12) increases monotonously with e/a in Ti alloyed with transition metals
[157, 161], where e/a is the effective number of valence electrons per atom based on the total
d plus s electrons in the free atom configuration [160, 161]. Given the electron configurations
[Ar]3d24s2 of Ti and [Kr]4d45s1 of Nb their valences are 4 and 5, respectively, and the effective
number of valence electrons per atom of a Ti-Nb alloy is
e
a
= (1− xNb) · 4 + xNb · 5, (4.1)
where xNb denotes the atomic fraction of Nb. A scale for e/a of the Ti-Nb alloys is included at
the top of Fig. 4.7. If e/a > 4.2 then (C11 − C12) < 0 [157] causing β to become mechanically
unstable and martensite α′′ to form instead of β on quenching to RT, which is reinforced by the
data in Fig. 4.7: The upper composition limit of α′′ formation at cNb = 38.7 wt.% corresponds
to an effective valence electron concentration of e/a = 4.245 (Tab. 4.2). The lower limit of α′′
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Table 4.2: Composition limits for the occurrence of α′′ in Ti-Nb alloys quenched from the
β-phase field to RT.
Nb content
Composition limit for α′′ wt.% at.% e/a
Low 13.9 7.7 4.077
High 38.7 24.5 4.245
formation located at cNb = 13.9 wt.% is equivalent to e/a = 4.077. A summary of these limits
in wt.%, at.% and e/a is given in Tab. 4.2. Very similar values of e/a for the lower composition
limit of α′′ at RT are encountered in other alloys of Ti with β-isomorphous elements, such as
Mo, Ta and V [52, 162, 163] and also quaternary Ti-based alloys [42]. This suggests that similar
to the upper limit of formation of α′′ the transition from α′ to α′′ at low β-stabilizer content is
likewise governed by the effective number of valence electrons e/a.
Figure 4.7b shows the refined lattice parameters of α′, α′′ and β together with values reported
in the literature [10, 29, 33, 78, 92, 93, 95, 97, 98, 105, 125, 126, 160, 164, 165]. The refined
values obtained in the present study are provided in Tab. 4.3. The data show generally good
agreement, except for a few slightly deviating data points of bα′′ between 20 − 30 wt.% Nb
reported in [33, 78, 98] and one data point for cα′′ reported by Ahmed et al. [105]. All lattice
parameters vary approximately linearly with Nb content (for both Nb in wt.% as well as in
at.%).Using linear regression on the basis of all data points drawn in Fig. 4.7b their average
changes upon Nb addition were determined; the results are summarized in Tab. 4.4. While the
lattice parameters of α′ and β remain almost constant and do not show significant variations with
Nb content, the unit-cell dimensions of α′′-martensite are strongly influenced by Nb addition as
apparent from Fig. 4.7b and Tab. 4.4. While aα′′ increases, bα′′ and cα′′ decrease with solute
content. The strongest change is found for bα′′ amounting to −0.0125(7) A˚ per wt.% Nb. In α′,
no variation was detected for aα′ but a very slight increase of cα′ with Nb content. Also in β
the unit cell dimensions are not much affected by the Nb content. The lattice parameter aβ of
the β unit cell increases only slightly by adding Nb.
As described in Section 2.2.2, in a general martensitic transition two transformation compo-
nents are operative that bring the parent austenitic crystal structure to the product martensitic
crystal structure:
1. The lattice strain (also called Bain strain), which distorts the parent austenite unit cell.
It determines the changes in unit cell dimensions (i.e. lattice parameters) upon transfor-
mation and describes the displacements on the lattice scale.
2. The second component are atom shuﬄes that reposition atoms on individual sets of planes
in the martensite structure. These shuﬄes move the atoms into their final positions in the
martensitic unit cell.
The experimental results for the two transformation components are presented and discussed
in the following section. It will be shown that the volume change resulting from the lattice
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strain as well as the shuﬄe component play significant roles in the orthohexagonal martensitic
transformation of β into α′/α′′ .
4.3.2 The lattice strains of the β → α′/α′′ martensitic transformations
The lattice strain (Bain strain) component of a martensitic transformation is responsible for
bringing about the change in the lattice dimensions. Using the lattice correspondence (Eq. 2.4
and Fig. 2.11) between the martensites, α′ and α′′, and β the principal lattice strains of the
β → α′/α′′ martensitic transformations are given by
η1 =
aortho − aβ
aβ
, (4.2)
η2 =
bortho − aβ
√
2
aβ
√
2
, (4.3)
η3 =
cortho − aβ
√
2
aβ
√
2
. (4.4)
The subscript ortho denotes the lattice parameters in the equivalent orthorhombic reference
system used for both α′ and α′′. These strains are given along the three mutually perpendicular
directions (using the reference frame of β these are [100]β, [011]β and [01¯1]β) which remain
perpendicular under the action of the lattice strain. Written as a matrix the effect of the lattice
strains Eqs. 4.2-4.4 can be expressed by
B =
 1 + η1 0 00 2+η2+η32 η2−η32
0 η2−η32
2+η2+η3
2
 (4.5)
using a reference system with its axes parallel to the edges of the cubic austenite unit cell. The
deformation gradient B (Bain tensor) given above is valid for the particular orientation of the
martensite unit cell relative to the austenite unit cell shown in Fig. 2.11c. B alters any vector
~x in the austenite into ~x′ = B · ~x in the martensite. After Saburi and Nenno (in [86]) the
transformation (lattice) strain at point ~x is given by
εMT =
|~x′| − |~x|
|~x| . (4.6)
In stress-strain curves of stress-induced martensite formation and of martensite reorientation
the strain at the end of the SE stress plateau or at the end of the stress plateau for martensite
reorientation corresponds to the maximum recoverable strains accessible by unloading or heating
above Af [86]. The SE and SM strains (εSE and εSM ) are determined by the principal lattice
strains (Eqs. 4.2-4.4) in combination with the lattice invariant deformation [86].
Using the straight line fits in Fig. 4.7b and Eqs. 4.2-4.4 the principal lattice strains associated
with the β → α′/α′′ martensitic transformations were determined. For calculation of the lattice
strains in Nb-lean alloys which did not retain β upon quenching aβ was extrapolated down from
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high Nb contents by the straight line fit in Fig. 4.7b. Similarly, the lattice parameters of α′
and α′′ were extrapolated to compositions which did not transform into these phases. In this
approach the thermal expansion and variation of the lattice parameters with temperature are
neglected.
Figure 4.9 presents the principal lattice strains of the β → α′/α′′ martensitic transformations
in the Ti-Nb alloy system as a function of Nb content. As can be seen, the magnitudes of the
principal lattice strains of β → α′ are larger than of β → α′′ and the strains of β → α′′ become
smaller by addition of Nb. For both martensites the strain components η1 and η2 have similar
magnitudes and opposite signs. Similar to the lattice parameters of α′ (Fig. 4.7b), the lattice
strains of β → α′ hardly change with Nb content. In the case of β → α′′, η1 increases from −9.5%
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Figure 4.9: Principal lattice strains of the β → α′/α′′ martensitic transformations calcu-
lated according to Eqs. (4.2-4.4). Dashed lines represent extrapolations of the transformation
strains of α′ and α′′ beyond the intervals in which these phases were detected. Vertical lines
at 13.9 wt.% Nb and at 38.7 wt.% Nb mark the lower and upper limit for the occurrence of
the orthorhombic martensite α′′.
to −2.5% and η2 decreases from +10% to +3% when the Nb content is raised from 13.9 wt.% to
38.7 wt.%. For both martensitic phases the transformation strain η3 is close to zero. For β → α′
it is slightly positive and it slowly decreases for β → α′′ with Nb addition, changing its sign at
cNb = 34 wt.%. If one lattice strain is zero while the other two attain values of different signs,
the deformation gradient facilitates the formation of undistorted planes satisfying the invariant
plane strain condition [81]. As a consequence in Ti-34Nb, no lattice invariant shear mechanism
(twinning and/or slip) needs to be operative to create a habit plane.
The deformation that takes the austenite lattice to the martensite lattice is anisotropic. Thus,
the strain associated with the martensitic transformation in Eq. 4.6 varies along different crys-
tallographic directions of β, which is demonstrated in Fig. 4.10. In this figure, stereographic
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Figure 4.10: Stereographic projections of the lattice strain related to the β → α′′ marten-
sitic transformation (a) on (100)β and (b) on (001)β for the austenite-martensite lattice
correspondence given by the deformation gradient in Eq. 4.5. The strain was calculated for
the alloy composition Ti-25Nb according to Eq. 4.6. The largest elongation and compression
occur along ± [011]β and ± [100]β, respectively.
projections on (100)β and on (001)β of the strain (Eq. 4.6) related to the transformation matrix
in Eq. 4.5 are shown. The strain is calculated for the formation of α′′ and the alloy composi-
tion Ti-25Nb. The largest elongation (+7%) is found along ± [011]β and the largest contraction
(−6.5%) along ± [100]β. In alloys that are poorer in Nb larger lattice strains occur. Under
uniaxial tensile deformation (in absence of lattice invariant strain) the maximum recoverable SE
and SM strains εSE and εSM correspond to the largest positive principal lattice strain, i.e. η2
along a 〈110〉β direction (Figs. 4.9 and 4.10). Conversely, the maximum recoverable SE and SM
strain under uniaxial compressive deformation corresponds to the smallest negative principal
lattice strain, which is η1 along a 〈100〉β direction. As demonstrated by Fig. 4.9, the maximum
lattice strains for both tensile and compressive loading are found in the Nb-lean alloys. The
largest transformation strains in α′′-alloys are found in compositions close to the α′/α′′ bound-
ary at cNb = 13.9 wt.%. For instance, Ti-16Nb could in principle produce a SE strain of about
±9 % both in tension and compression, provided thermoelasticity is given. However, due to the
low β-stabilizer content the Ms temperature of alloys containing ≤ 16 wt.% Nb is very high,
i.e. Ms > 625°C [89, 90]. Consequently, at these temperatures thermal instabilities lead to the
precipitation of α preventing the occurrence of SE, as discussed in Chapter 6.
4.3.3 The volume change related to β → α′/α′′
Using the linear regression of the lattice parameters (Fig. 4.7b and Tab. 4.4) the effective atomic
volume (specific volume) in α′, α′′ and β at RT was calculated by dividing the unit cell volumes
by the number of contained atoms (given by the numbers on the last digits in the Pearson
symbols in Tab. 2.3). The atomic volume ranges between 17.70 A˚
3
and 17.80 A˚
3
for the alloys
investigated, as shown in Fig. 4.11a. In α′ and β the atomic volume increases with Nb content.
Such a trend would be also expected from a simple linear rule of mixture of the atomic volumes
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Figure 4.11: (a) Dependence of the atomic volume in the martensites α′ and α′′ and in the
austenite β at RT on the Nb content. Dashed lines represent extrapolations based on the
linear regressions in Fig. 4.7. (b) Relative change of the atomic volume in % related to the
β → α′/α′′ martensitic transformations. Dashed lines represent extrapolations based on the
linear regressions in Fig. 4.7. Vertical lines at 13.9 wt.% Nb and at 38.7 wt.% Nb mark the
lower and upper limit for the occurrence of the orthorhombic martensite α′′.
of pure Ti and pure Nb. Coming from pure Ti, the atomic volume in α′, vα′ , increases linearly
from 17.70 A˚
3
to 17.82 A˚
3
. In the compositions where α′′ is present vα′′ drops to 17.72 A˚
3
in
Ti-38.7Nb. In the β-phase, in very good approximation the atomic volume rises linearly with
Nb content.
Furthermore, it is interesting to note that in alloys forming α′ (cNb < 13.9 wt.%) the atomic
volume in α′ is smaller than in α′′. Conversely, in alloys that form α′′ (cNb > 13.9 wt.%) the
atomic volume in α′′ is smaller than that in α′. From the curves in Fig. 4.11a the relative
volume change associated with the formation of the martensitic phases from the parent β-phase
is calculated as
∆v
v
=
vα′/α′′ − vβ
vβ
. (4.7)
The volume change can be also calculated directly from the deformation gradient (Eq. 4.5) and
the principal lattice strains (Eqs. 4.2-4.4) according to
∆v
v
= detB − 1 = (1 + η1) · (1 + η2) · (1 + η3)− 1. (4.8)
The results are presented in Fig. 4.11b and they indicate that the transformation of β into
α′ is associated with an expansion while the transformation into α′’ causes the atomic volume
either to expand or to shrink. For all compositions forming martensite by quenching to RT the
volume change is positive and it attains a maximum value of +1.1% for alloys close to the α′/α′′
boundary located at cNb = 13.9 wt.%. For both α
′ and α′′ the volume change rises towards
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this boundary. In pure Ti martensite formation causes the atomic volume to expand by +0.6%.
For the β → α′′ transformation the volume change monotonously diminishes with increasing Nb
content. At a low Nb content the volume change accompanying β → α′′ is rather large (> 1%)
but it decreases with increasing Nb content. In Ti-40Nb the volume change associated with α′′
formation becomes zero. From this alloy composition on, adding Nb causes the volume change
to become negative, i.e. the material contracts upon formation of α′′.
The volume change related to a martensitic transformation is associated with its thermoelastic
character. A necessary condition for a martensitic transformation to behave thermoelastically is
the elastic accommodation of the transformation volume change and hence the larger the volume
change of a martensitic transformation the less thermoelastic its character tends to be [83]. For
thermoelastic martensites showing SM effect the magnitude of the volume change is usually small
(< 1%) and can be either of positive (expansion) or negative sign (contraction) [81, 86, 166–
170]. If the atomic volume is preserved during the martensitic transformation (i.e. ∆v/v =
0) the martensite variants can form a fully self-accommodated microstructure. The resulting
arrangement of martensite variants is characterized by martensite-austenite interfaces which are
stress-free and hence not displaced. As such, a self-accommodated martensite microstructure
forms without introducing residual stresses in the austenitic matrix [83, 167]. Figure 4.11b
indicates that in the Ti-Nb system volume conservation and hence full self-accommodation
occurs at a Nb content of cNb = 40 wt.%.
From a thermodynamic point of view the difference between the atomic volume in the austenitic
and in the martensitic phases has consequences for the austenite-martensite equilibria in the fol-
lowing manner: If martensite and austenite are assumed to be in equilibrium and hence to
coexist at a temperature T (e.g. T0, Section 6.4) and a hydrostatic pressure p, then to maintain
equilibrium a change in temperature dT requires a concurrent change in hydrostatic pressure
dp. The slope of the martensite-austenite coexistence line is related to the entropy change ∆S
per mole and volume change ∆V per mole across the coexistence line by the Clausius-Clapeyron
equation [4, 73] (
dp
dT
)
eq
=
∆S
∆V
. (4.9)
This relationship holds for all characteristic temperatures of the martensitic transformation
because the hydrostatic pressure shifts them all by the same value [168]. Since the entropy
change at temperature T is related to the enthalpy change ∆H per mole by ∆S = ∆HT Eq. 4.9
can be also written as (
dp
dT
)
eq
=
∆H
Teq·∆V , (4.10)
where the subscript eq indicates that this relation is only valid if the phases are in equilibrium.
For any forward martensitic transformation the enthalpy change ∆HA→M must be < 0, in other
words β → α′/α′′ releases heat (exothermic reaction). Correspondingly, for any reverse marten-
sitic transformation ∆HM→A > 0 and hence α′/α′′ → β requires supply of heat (endothermic).
As illustrated by Fig. 4.11b, the volume change related to the forward martensitic transfor-
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mation β → α′/α′′ can be positive, zero or negative depending on the Nb content. While for
cNb < 40 wt.% martensite formation brings about an increase in atomic volume (∆V
A→M > 0),
for cNb = 40 wt.% ∆V
A→M = 0 and for cNb > 40 wt.% ∆V A→M < 0. Consequently, due to the
change in sign of ∆V A→M across cNb = 40 wt.% the slope of the martensite-austenite coexistence
line in the temperature-hydrostatic pressure plane given by ∆HTeq ·∆V in Eq. 4.10 adopts different
signs depending on the Nb content. This situation is schematically illustrated in Fig. 4.12.
Here the effect of hydrostatic pressure on the equilibrium temperature of β and α′′ is shown for
alloys with Nb contents around the critical value of cNb = 40 wt.% as deduced from the Clau-
sius-Clapeyron relationship (Eq. 4.9). It has been assumed that the equilibrium temperature
changes linearly with hydrostatic pressure p, which will be sufficiently accurate for small pressure
changes [168]. In alloys with cNb < 40 wt.% an increase in hydrostatic pressure stabilizes β and
decreases the equilibrium temperature. Alloys with cNb > 40 wt.% behave the opposite way, i.e.
β becomes increasingly destabilized under hydrostatic pressure thereby favoring α′′. In the alloy
composition Ti-40Nb a variation in pressure will have no effect on the relative phase stability
and, consequently, the equilibrium temperature of β and α′′ will remain constant.
Hydrostatic pressure p
Te
m
pe
ra
tu
re
 T
martensite α''
austenite β
cNb =
40 wt.%
+ Nb
- Nb
Figure 4.12: Schematic of the β/α′′ phase boundary in the temperature-hydrostatic pres-
sure plane for alloy compositions in the vicinity of Ti-40Nb. The slope of the boundary is
deduced from the Clausius-Clapeyron relationship (Eqs. 4.9 and 4.10). At a Nb content of
cNb = 40 wt.% the atomic volume change associated with martensite formation ∆V
A→M = 0
and the β/α′′ equilibrium temperature is independent of p for sufficiently small variations
of p.
Besides its influence on the martensite-austenite equilibrium temperatures the volume change
associated with β → α′/α′′ potentially influences whether α′ or α′′ forms upon cooling. Nucle-
ation and growth of martensite is partially governed by the elastic strain energy arising from the
formation of the martensite volumes in the austenitic matrix (Eq. 2.3). The change in shape and
atomic volume related to the transformation give rise to the development of strain fields both
in the martensite and in the austenite. To enable the transformation, the resulting opposing
forces need to be overcome by the driving forces arising from the chemical free energy change
(and external fields, e.g. arising from the applied stress). The larger the distortions and strain
fields in the matrix the larger are the driving forces necessary to keep the transformation going
[83, 84].
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If there are two competing transformations, such as β → α′ and β → α′′ in the vicinity of
cNb = 13.9 wt.%, the one associated with the lower strain energy is expected to be favored.
In the case of martensitic transformations induced by cooling this implies that to initiate the
phase which requires higher driving forces a stronger undercooling T0 − Ms is needed. The
present situation, where the volume changes related to β → α′ and β → α′′ are likely to differ
from each other (except for cNb = 13.9 wt.%), suggests that the extent of undercooling required
to initiate these phases will differ as well. Additionally, the situation illustrated in Fig. 4.11
suggests that the origin of the crossover from hcp α′ to orthorhombic α′′ at cNb = 13.9 wt.% is
related to the effective atomic volumes in these phases. To both sides of the α′/α′′ boundary the
martensite phase exhibiting the smaller atomic volume out of α′ and α′′ is favored, i.e. α′ forms
for cNb < 13.9 wt.% whereas α
′′ forms for cNb > 13.9 wt.%. The lowest alloy content in which
α′′ forms is then given by vα′ = vα′′ . This indicates the possibility that the relative difference
in the strain energy arising from the volume expansion by β → α′ and by β → α′′ determine
whether hexagonal martensite α′ or orthorhombic martensite α′′ forms upon quenching.
4.3.4 The shuﬄe component of the β → α′/α′′ martensitic transformations
The lattice distortion discussed in the previous section (Section 4.3.2) describes the overall
deformation of the lattice but not necessarily the displacement of every atom [81]. In fact, for
some martensitic transformations the lattice distortion is not sufficient to fully describe the atom
displacements associated with the transformation. Examples of such martensitic transformations
are the cubic to orthorhombic transformations in Cu-Al-Ni alloys [171] and Ti-Ni alloys [172],
or the cubic to monoclinic martensitic transformation in Ti-Ni alloys [172]. The same applies
to the β → α′/α′′ transformation in β-stabilized Ti-alloys. Specifically, atoms on the (0002)α′
and (002)α′′ planes do not follow the homogeneous deformation described by the transformation
matrix in Eq. 4.5, which can be readily recognized from Fig. 2.11: In addition to the lattice
distortion, which takes the cubic lattice to an orthorhombic one, the atoms on the (0002)α′
and (002)α′′ planes need to be shifted along the b-axis of the orthorhombic unit cell to produce
either the hcp structure or the c-centered orthorhombic structure. This shift is described by
the fractional coordinate y of position 4c in space group Cmcm (Table 2.3). In the equivalent
orthorhombic unit cell of hcp α′ its value is fixed at y = 1/6 = 0.16˙, whereas in α′′ its value
may vary between 0.16˙ < y < 0.25. In the equivalent orthorhombic unit cell of bcc β a constant
value of y = 1/4 = 0.25 is attained. These configurations are illustrated in Fig. 4.13. The
positions of the atoms on (002)α′′ can be extracted from the relative intensities of the Bragg
reflections in diffraction patterns such as those shown in Fig. 4.4. These patterns demonstrate
that not only the peak positions (i.e. the lattice parameters) but also the relative intensities of
the reflections vary with Nb content. Figure 4.14 illustrates this situation for the {110}α′′ and
(020)α′′ reflections.
Increasing the Nb content causes the {110}α′′ and the (020)α′′ reflections to move to smaller
and larger diffraction angles, respectively (Fig. 4.14a). This translates into a decrease in aα′′ and
an increase in bα′′ (see also Fig. 4.7b). Concurrently, the maximum of {110}α′′ decreases while
the maximum of (020)α′′ grows, as shown in Fig. 4.14b. These changes indicate displacements of
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Figure 4.13: The lattices of α′, α′′ and β viewed along [001] of equivalent orthorhombic
unit cells. In α′′, b and y may vary within a
√
3 < b < a
√
2 and 0.16˙ < y < 0.25, respectively.
At the lower limits of b and y (b = a
√
3 and y = 1/6 = 0.16˙) hcp α′ is obtained while at the
upper limits (b = a
√
2 and y = 1/4 = 0.25) bcc β is obtained. (Adapted from [100])
the atoms residing on (002)α′′ . To quantify these displacements, the fractional coordinate y of
position 4c in space group Cmcm was included in the Rietveld-refinements of orthorhombic α′′.
The results are presented in Fig. 4.15 and the refined numerical values of y are given in Tab. 4.3.
Figure 4.15 also contains data points from the literature obtained by diffraction experiments
[78, 95] as well as by ab-initio electronic structure calculations [106, 107]. The experimental
values of y range from 0.1823(12) to 0.215(5) and y changes approximately linearly with Nb
content by 1.5 · 10−3 per wt.% of Nb. The data points by [78, 95] were included in the linear
regression. The experimental and computational data show very good agreement and the varying
nature of y with solute content is confirmed by the ab-initio calculations carried out in [106, 107].
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Figure 4.15: Dependence of the fractional coordinate y of position 4c in space group Cmcm
on the Nb content studied in binary Ti-Nb alloys. The experimentally observed intervals
(see Fig. 4.7) of α′, α′′ and β are indicated by vertical lines. In α′′ the fractional coordinate
y increases approximately linearly with the amount of Nb present. Ab-initio calculations
reproduce this trend [106, 107]. The numerical values of the data points of the present study
are provided in Tab. 4.3. (Adapted from [100])
The observed gradual shift in y is in agreement with the β-stabilizing nature of Nb. As
described earlier, in the equivalent orthorhombic unit cells of α′ and β y is fixed at 0.16˙ and 0.25,
respectively. These values define the limits of y in the intermediate orthorhombic martensite α′′.
In Nb-lean α′′ y attains values close to those in α′ and with increasing Nb content y gradually
increases towards its ideal value in β. An equivalent behavior is found in other β-stabilized
Ti-based systems, such as Ti-V, Ti-Mo and Ti-Ta, as density-functional theory calculations
show [106]. This suggests that the gradual increase of y in the orthorhombic martensitic phase
α′′ is a general phenomenon in β-stabilized Ti-alloys and that it is a manifestation of the gradual
approaching of the β structure as the amount of β-stabilizer is raised.
The fractional coordinate y reflects the shuﬄe component of the β → α′/α′′ martensitic
transformations. In particular, y determines the amplitude of atomic displacements in 〈110〉β
directions of opposite sign on adjacent parallel {110}β planes, which move the atoms into their
final positions on the (0002)α′ and (002)α′′ planes in the martensites [111, 158]. The overall
atom displacements of the β → α′/α′′ transformations resulting from the lattice distortions
combined with the displacement of atoms on the (0002)α′ and the (002)α′′ planes are depicted
in Fig. 4.16. This figure shows the atom movements when viewed along [001]ortho of equivalent
orthorhombic unit cells. In general, bcc structures exhibit a high susceptibility to {110}β 〈1¯10〉β
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Figure 4.16: Atom displacements of β → α′ and β → α′′ resulting from the sum of the
lattice strain and transverse shuﬄes. For selected atoms the movements are indicated by
arrows. The depicted displacements for β → α′′ correspond to the alloy composition Ti-
28.5Nb (y = 0.2, η1 = −5.5%, η2 = +6%).
modulations as already commented on by Zener in 1947 [137]. The reason for this mechanical
instability is their untypically low shear coefficient C ′ = (C11 − C12) /2, which refers to a shear
across a {110}β plane along a 〈1¯10〉β direction parallel to it. As the temperature of the bcc
austenite is lowered towards Ms its lattice prepares itself for the distortion into martensite and
the shear coefficient C ′ shrinks [173]. This phenomenon is termed lattice softening. Lowering
the temperature under Ms then triggers the {110}β 〈1¯10〉β shuﬄes which can be represented by
a transverse displacement wave running along an arbitrary 〈110〉β direction having an amplitude
of
u0 =
(
1
4
− y
)
aβ
√
2 (4.11)
and wavelength of aβ
√
2. The operation of the displacement wave on the bcc β-lattice is illus-
trated in Fig. 4.17. In this figure, solely the effect of the shuﬄe component on the β structure
without the operation of the homogeneous lattice distortion is shown.
The shuﬄe amplitude for β → α′′ increases with decreasing Nb content and is largest in the
composition range where α′ is formed, i.e. for cNb < 13.9 wt.%. In this range u0 = 112 · aβ
√
2,
which corresponds to a displacement by 11.8% of aβ along [011]β for the particular lattice
correspondence in Fig. 4.17 or along [010]ortho of the equivalent orthorhombic unit cell. It turns
out, that this value is more than double the amplitude of the shuﬄes of the cubic to orthorhombic
B2 → B19 martensitic transformation in Ti-Ni-Cu and Ti-Ni-Pd. In these systems amplitudes
of 3.5% and 4.9% of aB2, respectively, were measured for the compositions Ti-25Ni-25Cu (at.%)
and Ti-26.5Ni-22.7Pd (at.%)[76, 77]. Translated into the crystallography of Ti-Nb alloys, a
shuﬄe amplitude of 4.9% of aβ is equivalent to y = 0.215 (compare Eq. 4.11) and is practically
the lower limit of amplitudes occurring during β → α′′, as apparent from Fig. 4.15. From this
analysis it can be concluded that the shuﬄe component of the bcc→ orthohexagonal martensitic
transformation in the majority of Ti-Nb alloys is much more pronounced than in ternary Ti-Ni
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Figure 4.17: Transverse atom shuﬄes during the martensitic transformation from bcc β to
hcp α′ or c-centered orthorhombic α′′. In the austenitic cubic reference frame the associated
displacement wave is of wavelength aβ
√
2 and of amplitude (1/4− y) aβ
√
2. For a selected
〈110〉β wave direction the displacement occurs in opposite 〈110〉β directions on adjacent
{110}β planes. (Adapted from [100])
based systems that show a similar cubic → orthorhombic martensitic transition. Compared
to the shuﬄe displacements related to the formation of hexagonal ωath from β (illustrated in
Fig. 2.15) the magnitudes of the shuﬄes associated with β → α′/α′′ are smaller than those of
β → ωath for all concentrations of Nb. The complete ’collapse’ of two adjacent (222)β planes
corresponds to a displacement of these planes by 14.4% of aβ along [111]β. As mentioned above,
for β → α′/α′′ the largest shuﬄe occurs for the formation of α′ and corresponds to a displacement
by 11.8% of aβ along [011]β.
The wave vector ~k in reciprocal space corresponding to the displacement wave in Fig. 4.17 is
equal to 12 〈110〉β. For the particular orientation in Fig. 4.17 ~k = 12
〈
011
〉
β
. For any 〈110〉β wave
direction, the movement proceeds in the two available 〈110〉β directions orthogonal to the wave
direction. On neighboring planes of the particular set of parallel {110}β planes oriented normal
to the selected wave direction the atoms move in opposite directions. In mathematical terms
the displacement ~u of an atom at position ~x in the cubic reference frame is expressed by
~u = ~u0 cos
[
2pi~k · ~x+ ϕ
]
, (4.12)
where ~u0 and ~k are parallel to orthogonal 〈110〉β directions. The magnitude of ~u0 is equal to the
shuﬄe amplitude in Eq. 4.11 and ϕ is either 0 or pi. The value of ϕ determines the sign of the
displacement direction of atoms on a fixed plane of type {110}β. Thus, in a given volume of β, in
which a single orientation of the lattice distortion (Eq. 4.5) is operative, ϕ consequently does not
need to be constant. Therefore, if ϕ = 0 in one portion of martensite and ϕ = pi in an adjacent
portion of martensite of identical Bain distortion, ϕ jumps by pi across their interface and the
4.3. Composition dependent crystallography of the martensitic phases α′ and α′′ 75
shuﬄe displacement for these two neighboring martensite domains will be out of phase. Such
variants are related to each other by a rotation of 180° about cα′′ or by a reflection in a plane
perpendicular to bα′′ . The resulting interfaces separating these variants exhibit morphologies
similar to anti-phase-boundaries in chemically ordered phases. The existence of such interfaces
was experimentally verified by TEM in Ti-Nb(-Al) alloys [88, 105], in Ti-Mo [123] and in a
Ti-AI-Mo-Zr-Si alloy [111].
From a crystallographic point of view, another consequence of the shuﬄe component of β → α′′
is that the number of martensite variants is doubled relative to a cubic to orthorhombic marten-
sitic transformation without shuﬄe component. While for a lattice correspondence according to
Eq. 2.4 a bcc to orthorhombic martensitic transformation without atom shuﬄes gives rise to 6
crystallographically distinct martensite variants, a bcc to orthorhombic martensitic transforma-
tion which comprises both lattice distortion and atom shuﬄes leads to 12 crystallographically
distinct variants of martensite [10, 81].
Besides the consequences described above, the composition-dependent shuﬄe modulations in
α′′ may have implications as follows:
 The most commonly observed twin planes in the orthorhombic martensite phase in Ti-Nb
are {111}α′′ and {11¯1}α′′ [87, 98, 103, 174]. A recent study also reported {110}α′′ and
{021}α′′ twinning modes [175]. An equivalent observation was made in the present study in
Ti-16Nb, as illustrated in Fig. 4.18. Figure 4.18a shows a laminate of α′′ variants which are
twin related as revealed by the SAED-pattern in Fig. 4.18b. The pattern geometry agrees
both with {11¯1}α′′ twins and {021}α′′ twins (Figs. 4.18c and d). All planes mentioned
above run alongside the atoms on the (002)α′′ plane (as can be seen from Fig. 2.11b),
i.e. they do not contain these atoms. In α′′, the position of the atoms on (002)α′′ de-
pends on the amount of Nb (or generally speaking on the amount of β-stabilizer) present
(Fig. 4.15). Only in the limiting case of y = 0.25 the atoms on (002)α′′ would come to rest
on the reported twin planes mentioned before. The energy of an interface largely depends
on its coherency ([73], chap. 3; [176], chap. 12). The displaced atoms on (002)α′′ introduce
a mismatch between twin related martensite volumes and prevent the twin boundaries
of the mentioned types to be fully coherent. As a result, the associated twin boundary
energies will be raised relative to the fully coherent versions of these boundaries (which
would hypothetically form if y for α′′ remained at a constant value of 0.25). The twin
planes reported in the literature [87, 98, 174, 175] agree with the predictions from the
twinning theory developed by Bilby and Crocker [177]. Their theory is based on a contin-
uum approach and thus is of pure geometrical nature. As such it does not consider the
detailed atomic configurations inside the crystallographic unit cell. Thereby, the loss of
coherency resulting from the transverse shuﬄes possibly changes the relative stability of
twin planes predicted by the twinning theory [177]. In this way, they possibly influence
the selection of twin planes in both thermal and stress-induced α′′-martensites. This may
impact the formation of martensite and the evolution of its morphology in nanoscale sys-
tems, where interface energies play a dominant role, in contrast to coarse microstructures,
where the minimization of the elastic strain energy associated with the lattice distortion
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Figure 4.18: (a) Bright-field TEM image of an α′′ twin laminate in HQ Ti-16Nb. The
corresponding SAED-pattern shown in (b) may be indexed both in terms of (c) {11¯1}α′′
twins and (d) {021}α′′ twins. In (c) and (d) reflections belonging to the twin related variants
are indicated by circles (t1) and triangles (t2) while crosses mark reflections arising from
double diffraction.
of the martensitic transformation dominates during martensite formation [85].
 As will be demonstrated in Section 5.3 the Young’s modulus of rapidly cooled Ti-Nb
polycrystals as a function of Nb content exhibits a W-shaped behavior with two minima
at the composition limits of α′′ enclosing a maximum at cNb ≈ 28 wt.% Nb [17–19, 178].
In other β-isomorphous systems, such as Ti-V, Ti-Mo and Ti-Ta [18, 52, 162, 163], which
show analogous structural transitions involving α′, α′′ and β, a very similar behavior
has been reported. The increase in modulus at intermediate solute contents is usually
attributed to the occurrence of athermal ωath phase in retained or untransformed β [18],
which exhibits the highest elastic modulus in comparison to α′′ and β [179]. As illustrated
in Fig. 2.10 the athermal ωath phase competes with α
′′ to form from β upon quenching
of alloys having compositions in the range where the martensite start temperature Ms is
lower than the T
β/ω
0 temperature, i.e. where Ms < T
β/ω
0 . This is fulfilled for Nb levels
higher than ≈ 25 wt.% [32, 89]. The simultaneous presence of metastable β, α′′ and ωath
in quenched Ti-Nb alloys has been demonstrated [108]. However, up to now studies of the
elastic properties of Ti-based alloys containing β-stabilizer did not consider the gradual
structural changes in α′′ (as described in Sections 4.3.1 and 4.3.4) and their potential
influence on the elastic moduli. Both interatomic distances and bond angles affect the
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elastic response of metallic crystals. Hence, the observed rearrangement of atoms on
the (002)α′′ plane (as presented in Figs. 4.15 and 4.17) may impact the elastic behavior
of the orthorhombic α′′-martensite found in β-stabilized Ti-based alloys. Thus, in the
light of the present results, it is suggested that contributions intrinsic to the martensite
structure, stemming partly from the Nb-content sensitive atomic shuﬄes on the (002)α′′
plane, contribute to the formation of the typical W-shaped variation in Young’s modulus
with β-stabilizer content. Future experimental and computational studies may provide
answers to these questions and open up novel possibilities to obtain bulk low-modulus
Ti-based alloys.
4.4 Chapter summary
In this chapter, the phase formation and structural characteristics in as-cast versus homogenized
and quenched (HQ) Ti-cNbNb alloys with cNb = 9, 11.5, 13.5, 16, 18.5, 21, 23.5, 26, 28.5, 31, 33,
36, 38, 39.5, 44.5 wt.% were studied and the impact of the Nb content on the crystallography
of the martensitic unit cells was investigated and discussed.
In both cast and HQ Ti-(9, 11.5, 13.5)Nb alloys hcp martensite α′ is the major constitutive
phase. The lower and upper composition limits for the formation of α′′-martensite are cNb =
13.9 wt.% and cNb = 38.7 wt.%. A definite Nb content for which Mf = RT could not be
ascertained because small amounts of β and/or ω were regularly found in all martensitic alloy
compositions. For this reason, most martensitic alloys in this work were not single phase alloys,
not even after quenching. In alloys containing > 36 wt.% Nb the quenching treatment favors
the formation of α′′ and considerably reduces the fractions of β and of ω relative to the as-cast
alloys.
The Nb content exerts a strong influence on the dimensions and the atomic coordinates of
the unit cell of the orthorhombic martensite α′′, but only slightly affects the unit cells of the
hcp martensite α′ and the austenite β. Estimation of the lattice (Bain) strain shows that the
largest transformation strain (ca. ±9.4%) related to β → α′′ occurs in compositions close to the
α′/α′′ boundary for cNb = 13.9 wt.% and the transformation strain decreases towards Nb-rich
alloys. Due to the anisotropy of the transformations, both for β → α′ and for β → α′′ the
largest elongation and compression occur along 〈011〉β and 〈100〉β of the austenitic unit cell,
respectively.
The volume change related to β → α′ is estimated to be positive for all contents of Nb and for
β → α′′ the volume expands if cNb < 40 wt.%, but contracts if cNb > 40 wt.%. The maximum
volume expansion (≈ 1%) is found in alloys close to the α′/α′′ boundary at cNb = 13.9 wt.%
and on both sides of this alloy composition, the martensite phase exhibiting the smaller atomic
volume between α′ and α′′ is favored. This observation suggests that the relative differences in
the strain energies arising from the volume expansions by β → α′ and by β → α′′ determine
whether hexagonal α′ or orthorhombic α′′ forms upon quenching.
Examination of the atomic coordinates in the α′′ unit cell reveal that the β → α′′ martensitic
transformation exhibits a composition dependent shuﬄe component. In addition to the lattice
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distortion, which transforms the cubic β lattice to the orthorhombic α′′ lattice, the atoms on
the (002)α′′ plane shift along [010]α′′ and the magnitude of the displacement is sensitive to
the Nb content. The related {110}β 〈1¯10〉β atom shuﬄes can be represented by a transverse
displacement wave, the amplitude of which decreases by addition of Nb.
5 Deformation behavior and mechanical
properties of martensitic Ti-Nb alloys
5.1 Chapter overview and aims
In this chapter, a basic description of the macroscopic deformation behavior of martensitic Ti-
Nb alloys is provided. First, the influence of composition in terms of Nb content on monotonic
stress-strain relationships, hardness, Young’s and shear modulus of the alloys in the quenched
state is examined. Afterwards, the influence of pre-straining on the recoverable strains, elastic
moduli and hysteretic energy loss is investigated. An attempt is made to separate the purely
elastic strain from the anelastic strain, aiming at gaining a deeper insight into the governing
deformation mechanism.
Most of the results are obtained by uniaxial compression tests as they consume less material
than tensile tests. Furthermore, the small specimen volume of the compression test samples
enables higher quench rates, thus suppressing diffusion and improving the homogeneity of the
martensitic phases. Investigation of the elastic properties and the deformation behavior by IET
and by cyclic compression tests focus on those martensitic alloys containing the highest amounts
of orthorhombic martensite α′′ in the HQ state according to XRD analysis (Table 4.1). Mono-
tonic compression tests, microhardness and nanoindentation measurements additionally examine
alloys exhibiting α′-martensitic, partially martensitic (α′′+β) and fully β microstructures.
5.2 Mechanical properties determined under monotonic compressive
loading
Figure 5.1 presents the stress-strain curves obtained by monotonic uniaxial compressive loading
of the quenched martensitic, partially martensitic and austenitic alloys. Corresponding mi-
crostructures of undeformed states are shown in Fig. 4.5. Values of the Young’s modulus E
and the 0.2% offset yield strength σoffset0.2 determined from the stress-strain curves are given
in Tab. 5.1. Three features are revealed by the stress-strain curves in Fig. 5.1: (i) Martensitic
Ti-Nb alloys yield in a continuous manner leading to the absence of sharp yield points which
otherwise indicate the onset of martensite reorientation or dislocation slip. (ii) Their strength
depends on the Nb content. Coming from the Ti-rich side of the phase diagram adding Nb
causes the strength to go through a minimum and then through a maximum upon further Nb
addition. This can be also seen from the values of σoffset0.2 in Tab. 5.1. (iii) All alloys exhibit a
compressive deformability larger than 20%.
79
80 5. Deformation behavior and mechanical properties of martensitic Ti-Nb alloys
0
5 0 0
1 0 0 0
 m a r t e n s i t e  α' m a r t e n s i t e  α' ' m a r t e n s i t e  α' '         +  m e c h .  u n s t a b l e  β m e c h .  u n s t a b l e  β m e c h .  s t a b l e  β
 
Tru
e s
tres
s (M
Pa)
 
T r u e  c o m p r e s s i v e  s t r a i n  ( 1 0 - 2 )
1 0
N b  c o n t e n t  ( w t . % )
4 4 . 5
3 9 . 5
3 8
3 63 1
3 32 8 . 5
2 6
2 3 . 5
1 6 2 1
1 8 . 51 3 . 5
Figure 5.1: Monotonic stress–strain curves (in compression) of binary quenched Ti–Nb
alloys. The β-phase in Ti-(36-39.5)Nb has been reported to be unstable against stress-
induced transformation into martensite, in contrast no stress-induced martensite formation
was observed in Ti-45Nb at RT [24]. (Adapted from [178])
The absence of distinct yield points becomes apparent upon comparison with a non-martensitic
β-type alloy, for example Ti-44.5Nb, which is shown in Fig. 5.1. Ti-44.5Nb exhibits a single-
phase β microstructure after quenching (Section 4.2.2) which is mechanically stable against
stress-induced α′′ formation at RT [24]. In contrast to the martensitic alloys a distinct yield
point at (479±60) MPa is observed in Ti-44.5Nb, clearly separating the linear elastic regime
at low strain and the plastic regime at high strain. For the martensitic alloys, on the other
hand, the transition from the elastic regime into the plastic regime is continuous and thereby
obscuring the elastic limit. Austenitic and partially austenitic Ti-alloys may also lack sharp yield
points for different reasons. In alloys that have the martensite finish temperature Mf slightly
below RT (which in case of binary Ti-Nb applies to alloys with Nb contents close to 40 wt.%)
the onset stress of plastic deformation may be superimposed by stress-induced formation of
martensite α′′ leading to the disappearance of the yield point. The continuous yielding of
austenitic and partially austenitic alloys becomes especially pronounced after cold-rolling [180,
181]. The marked continuous yielding in combination with the virtual absence of Hookean
(linear) elastic loading causes the values of E and the 0.2% offset yield strength σoffset0.2 (Table 5.1)
determined from stress-strain curves in Fig. 5.1 to be very sensitive to the details of the evaluation
procedure employed, in particular to the choice of the stress interval used for calculation of E.
For these reasons, (i) Young’s modulus E of the quenched alloys was determined by measurement
of free resonance frequencies using IET as well by nanoindentation and (ii) cyclic mechanical
tests were used to accurately determine the yield strength. An additional estimate for the yield
strength was obtained through hardness measurements via the empirical relation that yield
strength equals about HV /3, where HV is the hardness in GPa [182–184]. These results are
presented and discussed in the following sections.
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5.3 Elastic moduli measured by impulse excitation technique (IET)
and nanoindentation
Methods that rely on the measurement of free mechanical vibration frequencies respectively
resonance frequencies to determine elastic moduli, such as IET, allow much higher precision
compared to quasi-static methods as for example compressive or tensile testing [185]. In com-
parison to quasi-static methods the stress and strain amplitudes involved in resonance methods
are extremely small and hence the measurement proceeds at the origin of the stress-strain curve.
Figure 5.2 presents the variation of Young’s modulus E and shear modulus G with Nb content
in quenched Ti-Nb alloys, as obtained by flexural and torsional IET measurements as well as the
values of E obtained by nanoindentation. The figure also shows data points by other groups [17–
21] which used very similar preparation routes and measured the elastic moduli by resonance
or ultrasound methods. It is seen that E and G vary in a similar way with increasing Nb
content. Young’s and shear modulus attain minimal values of E ≈ 65 GPa and G ≈ 23 GPa for
cNb ≈ 16 wt.% and addition of Nb induces both moduli to rise to maximum values of E ≈ 83 GPa
and G ≈ 30 GPa for cNb ≈ 28.5 wt.%, respectively.
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Figure 5.2: Influence of Nb content on Young’s modulus E, shear modulus G and Poisson’s
ratio ν of the Ti-Nb alloys studied in the quenched state. The results are compared with
data from the literature. All modulus values taken from the literature were determined by
resonance or ultrasound methods. The numerical values of the data from this study are
given in Tab. 5.1. (Adapted from [178])
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In addition to IET, nanoindentation and uniaxial compression loading was used to measure
E as a function of Nb content. In a nanoindentation experiment the displacement across which
the Young’s modulus is calculated (i.e. the initial part of the unloading segment of the force-
displacement curve) is typically shorter than 100 nm and at least one order of magnitude smaller
than the displacement used for the determination of E from standard compressive or tensile
tests. As can be seen in Fig. 5.2 the absolute values and the variation of E with Nb obtained by
IET are confirmed by the nanoindentation results and the results of both methods agree very
well. Sufficient agreement is also shown by the values of E determined by compression tests
(Table 5.1). However, the experimental scatter of the compression test values is larger by a
factor 2 or more than that of the nanoindentation values.
The complementary literature data for Nb-lean alloys [17, 20] show that the elastic moduli
E and G increase towards their values in elemental Ti when the Nb content is reduced below
cNb ≈ 16 wt.%. Addition of Nb beyond cNb ≈ 28.5 wt.% causes the elastic moduli to fall until
they reach minimal values of E ≈ 60 GPa and G ≈ 25 GPa at cNb ≈ 40 wt.%, which is also found
by nanoindentation.
By comparison with Fig. 4.7 it becomes apparent that the minima of the elastic moduli coincide
with the limiting compositions of α′′. The minimum in Ti-rich alloys occurs at the boundary
separating hcp α′ and orthorhombic α′′ martensites at cNb = 13.9 wt.%, corresponding to the
effective number of valence electrons per atom of e/a = 4.077. In several other binary Ti-X
systems (where X represents a β-isomorphous element) in which analogous transitions from α′
to α′′ occur, for example X = Mo, Ta and V, similar values of e/a are encountered at the modulus
minimum on the Ti-rich side. The martensitic state in all these systems exhibits minimal elastic
moduli for e/a ratios between 4.065 and 4.114 [52, 162, 163]; these alloy compositions are of
great relevance for (biomedical) applications where alloys with low elastic moduli are required.
The minimum in Nb-rich alloys is found slightly above the composition for which the marten-
site start temperature Ms drops below RT so that metastable β is retained during rapid cooling.
The low elastic moduli close to Ms = RT are attributed to the softening of the austenitic β
lattice as it prepares itself to transform into martensite on approaching Ms [157, 173, 186]. The
increase of E and G below cNb = 40 wt.% correlates with and is explained in the literature by
the occurrence of high-modulus athermal ωath phase induced by quenching the β phase [18, 33].
Furthermore, Fig. 5.2 shows that the Nb content also influences Poisson’s ratio ν of the
martensitic alloys. From the IET data Poisson’s ratio was calculated as
ν =
E
2G
− 1. (5.1)
This relation assumes isotropic elastic behavior which a polycrystal containing sufficient crys-
tallites exhibits in case these crystallites are randomly orientated. The corresponding values
shown in Fig. 5.2 and listed in Tab. 5.1 range between 0.4 ? ν ? 0.32 and are thus comparable
to the values of unalloyed Ti (νT i = 0.32) and unalloyed Nb (νNb = 0.4) [187]. A high Poisson’s
ratio is considered to be indicative for high plastic deformability [188] which is confirmed by the
stress-strain curves of the present alloys in Fig. 5.1.
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5.4 The mechanical strength in dependence of Nb content
The most widely applied way to determine the yield strength of a material is the offset method,
where a straight line intersecting the strain axis at a predefined value (typically 0.2%) is drawn
parallel to the Hookean segment of the initial loading in a nominal stress–nominal strain diagram.
The stress at which the straight line crosses the stress-strain curve is called the offset yield
strength σoffset0.2 . This procedure is schematically illustrated in Fig. 5.3. Finding the yield
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Figure 5.3: Schematic stress-strain curve obtained from cyclic loading-unloading. The
loading modulus El and the unloading modulus Eun are given by the slopes of the ascending
branch in II and the descending branch in I, respectively. At points I and II a change in
loading direction occurs. The offset yield strength σoffset0.2 is indicated on the stress axis.
(Adapted from [178])
strength by the offset method relies on the accurate determination of E from the initial loading
in stress-strain curves and presupposes (i) the absence of anelastic strain and (ii) E to be
independent of strain, i.e. dEdε = 0, below the yield point. If a material fails to meet one or both
of these requirements the yield strength determined by the offset method will be biased and
will not represent the true strength. Inaccurate determination of E from the initial loading as
well as a strain dependence of E leads to an over- or underestimation of the true yield strength.
If anelastic strain is present the offset method underestimates the true yield strength. As the
compressive stress-strain curves of the as-quenched martensitic Ti-Nb alloys lack linear-elastic
segments (Fig. 5.1) the value of σoffset0.2 will be affected by the length of the interval used to
determine E.
To circumvent the difficulties described above cyclic loading-unloading measurements were
performed. In such a measurement a compression test sample is subjected to strain increments
of 0.5% separated by intermediate unloading to zero stress. Every loading-unloading sequence
produces a stress-strain hysteresis as shown in Fig. 5.3. Plotting for each increment the stress
σmax from which unloading started versus the plastic strain εpl that remains after unloading,
the evolution of plastic strain with applied stress can be followed and the stress that produces
0.2% plastic strain can be read off. The advantage of this approach is that it avoids all of the
5.4. The mechanical strength in dependence of Nb content 85
above mentioned difficulties intrinsic to the offset method because stress and plastic strain are
directly measured.
The cyclic loading-unloading experiments focus on alloys with Ms > 250°C transforming into
orthorhombic martensite α′′ on quenching (compare Chapter 6 and the Ms curve in [90]). The
cyclic stress-strain curves of these alloys are shown in Figure 5.4. They provide the same trend
for the strength as the monotonic tests (Fig. 5.1), in particular they confirm that the strength
is highest in Ti-23.5Nb and it declines to both sides of this composition.
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Figure 5.4: Nominal stress-strain curves obtained by cyclic loading-unloading in uniaxial
compression of quenched Ti-Nb alloys exhibiting α′′-martensitic microstructures. (Adapted
from [178])
The cyclic stress-strain curves of Ti-21Nb exhibit surprisingly low stress levels and by phase
analysis of the initial undeformed samples large amounts of β are found, which were not present
in the quenched samples of the same composition used for structural investigations by XRD, ther-
mal analysis and monotonic compression tests. An X-ray diffractogram of a Ti-21Nb specimen
used for cyclic compression tests is shown in Fig. 5.5. This suggests that an unknown deviation
in the quenching procedure occurred in the Ti-21Nb samples used for cyclic compression tests
and hence they were not included in the following analysis.
To obtain quantitative results σmax as a function of εpl is plotted for every alloy using the
procedure described above in Fig. 5.6. The stress which produces 0.2% plastic strain is the
yield strength. It is determined by linear interpolation between the nearest data points which is
equivalent to the intersection of the vertical line at 0.2% with the σmax curves. The influence of
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Figure 5.5: X-ray diffractogram of a Ti-21Nb specimen used for cyclic compression tests
in the quenched undeformed state.
Nb content on the yield strength σcyclic0.2 determined by the cyclic method is shown in Fig. 5.7.
The corresponding numerical values are provided in Tab. 5.1. σcyclic0.2 rises from (605± 50) MPa
in Ti-16Nb to a maximum value of (910± 12) MPa in Ti-23.5Nb to fall down to (530± 11) MPa
in Ti-31Nb. The maximum σcyclic0.2 occurs in about the same compositions for which the elastic
moduli (Fig. 5.2) are highest. The increased strength around cNb = 24 wt.% may originate
from the presence of ωath precipitates, as suggested in [18]. However, systematic studies that
investigate the occurrence of ωath in martensitic Ti-Nb alloys containing less than about 35 wt.%
Nb are not available in the literature.
Fig. 5.7 compares σcyclic0.2 with the offset yield strength σ
offset
0.2 determined from the mono-
tonic compression tests. σoffset0.2 is smaller than σ
cyclic
0.2 for all alloys except for Ti-16Nb and
considerably underestimates σcyclic0.2 by 50 − 190 MPa. As will be shown in the next section
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Figure 5.6: Relationship between stress σmax and plastic strain εpl in quenched Ti-Nb
alloys with α′′ microstructures. The stress which belongs to 0.2% plastic strain is the yield
strength σcyclic0.2 . σmax and εpl are defined in Fig. 5.3. SD stands for standard deviation.
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(Section 5.5) the alloys which exhibit relatively large differences between the yield strengths
determined by monotonic and cyclic measurements also show increased anelasticity. Because
during loading the anelastic deformation is superimposed on the purely elastic deformation the
resulting stress-strain curve will be non-linear, yet the deformation remains fully recoverable on
unloading. Consequently, the offset method, which assumes a linear relationship between stress
and recoverable strain, underestimates the true yield strength. Ti-16Nb provides an exception
in that σoffset0.2 lies slightly higher than σ
cyclic
0.2 (by about 60 MPa) in this alloy. This behavior
may originate from a strain dependence of E. If dEdε > 0, the extrapolation of the tangent to the
origin of the stress-strain curve, as done in the offset method, overestimates the yield point. In
fact, the results presented in the following section (Section 5.5) provide evidence for a certain
strain dependence of E in Ti-16Nb.
A widely used method to estimate strength is based on the empirical relation
yield strength ≈ HV
3
, (5.2)
where HV denotes the hardness in MPa. A physical explanation for this relation is still missing
and it is disputed whether strength in this formula corresponds more closely to the yield strength
or the ultimate tensile (respectively compressive) strength. However, this relation has been found
to be roughly followed by a wide range of metals and alloys. [182, 184, 189, 190]
Figure 5.7 shows the influence of the Nb content on HV3 (where HV is the hardness measured
with a Vickers indenter) in quenched Ti-Nb alloys and a comparison with the the yield strengths
obtained by the cyclic and the offset method. The corresponding numerical values are provided
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in Tab. 5.1. The hardness measurements confirm the picture provided by the cyclic and the offset
methods, namely a strength maximum at about 24 wt.% Nb. Hardness (and correspondingly
strength) decreases towards the α′/α′′ boundary when the Nb content is lowered yielding a
minimum at cNb = 16 wt.%. In alloys with 33 wt.% 6 cNb 6 44.5 wt.% hardness is rather
independent of Nb content. The reduced σoffset0.2 in Ti-(33,36)Nb relative to the hardness may
be due to reversible stress-induced martensite formation, which results in a decrease of the
apparent strength.
Bagariatskii et al. [33] found that hardness peaks at cNb = 28 wt.% and continuously decreases
towards Nb-rich alloys. They correlated the hardness maximum with the presence of some ω in
retained β. However, the cause for the maximum may as well be found in the microstructure or
the critical shear stress of the martensitic α′′-phase itself, as its crystallography changes markedly
with Nb content (refer to Section 4.3). Separation and quantification of these effects, on the
one hand precipitation hardening by ω and on the other hand the atomic scale properties and
the microstructure of α′′, is challenging and calls for an approach combining experimental and
numerical methods, which goes beyond the scope of this thesis.
5.5 Influence of pre-straining on the recoverable strains, elastic
moduli and energy dissipation
Besides determining the yield strength, cyclic loading-unloading experiments such as shown in
Fig. 5.4 allow assessment of the recoverable strain to which a material can be loaded without
suffering a permanent shape change. During tensile and compressive loading the uniaxial exter-
nal stress field causes the specimen to elongate or shrink. Likewise, the transverse dimension
normal to the force axis changes as described by Poisson’s ratio. The resulting strain εtotal is
the sum of three strain contributions:
εtotal = εel + εan + εpl (5.3)
εel and εan denote the purely elastic and the anelastic strain, respectively, and εpl is the plastic
strain. εel and εpl occur instantaneously without delay when the external force is changed. On
the other hand, εan exhibits a time lag relative to a change in external stress and as a result the
material requires a certain amount of time to attain the new equilibrium configuration. εan is
fully reversible, thus the sum of the first two components in Eq. 5.3 gives the total elastic strain
εtotalel to which a material can be loaded without plastically deforming it and which is recovered
upon unloading:
εtotalel = εel + εan (5.4)
Anelastic behavior is a limiting case of the more general viscoelastic behavior. In a viscoelastic
material time-dependent deformation, both recoverable and non-recoverable, may occur and
anelasticity is obtained if the time-dependent strain is completely recovered when the stress is
removed [138]. Time-dependent non-recoverable strain, such as the permanent strain occurring
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by creep, is neglected in Eq. 5.3 and not considered in the following analysis of hysteresis loops
as these loops do not contain plastic strain contributions.
As a result of the time-dependent nature of εan the ascending and descending branches in a
loading-unloading cycle spread and form a hysteresis, with higher stress levels during loading
relative to unloading. Such a loading-unloading hysteresis is sketched in Fig. 5.3. In a closed
hysteretic cycle the strain generated by loading is fully recovered by unloading and the ma-
terial returns to its initial state. Under the condition that the direction of the external force
remains constant throughout the hysteresis loop (either compressive or tensile loading but not
a combination of both) irrecoverable viscoelastic and plastic deformation resulting in a perma-
nent length change does not occur during cycling and thus the strain recorded in a hysteretic
cycle is the sum of the elastic and the anelastic strain contributions, as expressed by Eq. 5.4.
Loading-unloading hysteresis loops as shown in Fig. 5.4 allow a quantitative separation of the
purely elastic strain from the anelastic strain and thereby to gain insight into the deformation
mechanism. The strain separation procedure is developed in the following paragraphs.
In an isotropic, ideal elastic material the relationship between elastic strain εel and stress σ
follows a straight line (Hooke’s law)
εel =
σ
E
, (5.5)
where E is the Young’s modulus and independent of stress σ. More generally, E is a function of σ
and varies during loading resulting in a non-linear elastic stress-strain relationship as sketched in
Fig. 5.3. In a purely elastic material, i.e. not exhibiting anelasticity, the loading and unloading
branches of a stress-strain loop lie on top of each other. If the material additionally exhibits
anelasticity the branches open up and a hysteresis develops. The loading modulus El and the
unloading modulus Eun of the hysteresis loop reveal potential changes of E with stress. El
and Eun are given by the slopes of tangents to the start of the loading and unloading branch,
respectively, as illustrated in Fig. 5.3. Hence, if E is constant then El = Eun and, conversely, if
E is a function of stress then El 6= Eun.
El and Eun as a function of applied strain determined from the loading-unloading curves in
Fig. 5.4 are shown in Fig. 5.8. El was determined as the average modulus in the stress interval
from 0 to 50 MPa of the loading branch and Eun as the average modulus in the stress interval
between σmax and σmax − 50 MPa of the unloading branch. The absolute values of El and Eun
calculated in this way are directly linked to the stress intervals, from which the calculations
are made, especially if the stress-strain curves are non-linear. The variation of El and Eun in
a single sample as a function of the imposed stress or strain, will nevertheless be reproduced
correctly. Also included in Fig. 5.8 is the secant modulus Esecant, which is the average modulus of
a hysteresis loop as illustrated in Fig. 5.3. The El determined from the first loading (data points
at εtotal = 0% in Fig. 5.8) exhibits a variation with Nb content comparable to E measured by IET
(Fig. 5.2). The highest El in the unstrained state is found in Ti-23.5Nb and Ti-26Nb, while Ti-
16Nb exhibits the lowest. The loading modulus El decreases by pre-straining in all compositions
except for in Ti-16Nb. This observation will be discussed in more detail in Section 5.5.2. The
unloading modulus behaves in the opposite way, namely it increases with applied strain in all
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Figure 5.8: Evolution of loading modulus El, unloading modulus Eun and secant modulus
Esecant in α
′′-martensitic Ti-Nb alloys upon compression to 4.5%. SD stands for standard
deviation.
compositions, the increase being largest (≈ 35 GPa) in Ti-(16,18.5)Nb. Consequently, in some
alloys, particularly in Ti-16Nb and Ti-28.5Nb, quite substantial differences between El and Eun
are found and they become stronger with the degree of deformation. After 4.5% compression
Eun in Ti-16Nb is larger by ≈ 40 GPa than El. This implies that E varies with applied stress
and the Hookean description (Eq. 5.5) does not apply.
To take the stress dependence of the elastic modulus into account it was assumed that E
changes linearly from El to Eun during loading (and vice versa during unloading) leading to the
following expression for the derivative of elastic strain with respect to stress
dεel(σ)
dσ
= S(σ) = Sl +
Sun − Sl
σmax
· σ. (5.6)
S = 1/E is the elastic compliance which changes from Sl = 1/El to Sun = 1/Eun on loading
from 0 to σmax (Fig. 5.3). Integrating the expression above (Eq. 5.6) yields the elastic strain
generated by the external stress
εel(σ) =

dεel
dσ
dσ (5.7)
and which assumes the form
εel(σ) = Sl · σ + Sun − Sl
σmax
· σ
2
2
. (5.8)
The elastic strain is now the sum of a linear term and a parabolic term of stress resulting in
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a non-linear relationship between elastic strain and stress. The anelastic strain is obtained by
subtraction of the purely elastic strain from the total elastic (recovered) strain (Fig. 5.3):
εan = ε
total
el − εel(σmax) (5.9)
5.5.1 Variation of recoverable and permanent deformations with pre-strain
Figure 5.9 shows the total recoverable strain εtotalel , the elastic strain εel, the anelastic strain εan
and the plastic strain εpl in α
′′-martensitic Ti-Nb alloys as a function of applied compressive
strain, where εel and εan were calculated through Eqs. 5.4 and 5.9, respectively. Both εel and
εan grow as the deformation proceeds and plastic strain is accumulated. In Ti-23.5Nb the total
recoverable strain εtotalel is largest and it grows to ≈ 2% after applying a pre-strain of 4%. Also the
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Figure 5.9: Evolution of total elastic strain εtotalel , elastic strain εel, anelastic strain εan and
plastic strain εpl in α
′′-martensitic Ti-Nb alloys upon compression to 4.5%. SD stands for
standard deviation.
anelastic strain εan is largest in this alloy composition reaching≈ 0.6% after 4% compression and,
correspondingly, the plastic strain εpl is smallest. In contrast, the strain recovery is smallest in
Ti-31Nb and εtotalel reaches only about half the value of Ti-23.5Nb at a pre-strain of 4%. Looking
at the influence of the composition on the recoverable strain it is found that when the Nb content
is raised from cNb = 16 wt.% to cNb = 31 wt.% the total elastic strain ε
total
el first increases, then
reaches its highest value for cNb = 23.5 wt.% and then decreases again. In the initial stages of
deformation, these strains increase rapidly while latest for an applied strain of εtotal ≈ 3% their
growth becomes slower.
The increase in εtotalel can be attributed to two factors: (i) the work-hardening observed in
all alloys and (ii) the lowering of Esecant (in other words the inclination of the hysteresis loops)
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for cNb > 23.5 wt.% as seen in Fig. 5.8. While in Ti-16Nb and Ti-18.5Nb Esecant is practically
unaffected by the amount of pre-strain, a strong drop of Esecant of up to ≈ 26 GPa upon straining
to 4.5% is found in Ti-23.5Nb and Ti-26Nb, and which is also observed, but less, in Ti-28.5Nb
and Ti-31Nb. The drop of Esecant, in turn, correlates with an increase of the anelastic strain
contribution to εtotalel , as is illustrated in Fig. 5.10 where the ratio εan/εel is plotted over the
applied strain. In Ti-16Nb and Ti-18.5Nb the anelastic strain εan saturates at about 0.2 of the
value of the elastic strain εel whereas in Ti-(23.5-31)Nb it saturates at about 0.4, meaning that
the contribution of anelastic strain to the total recoverable deformation in these alloys is twice
as large as in Ti-16Nb and Ti-18.5Nb.
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Figure 5.10: Evolution of the ratio εan/εel in α
′′-martensitic Ti-Nb alloys upon compression
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Anelasticity occurs whenever a material needs a certain amount of time to adjust its shape
to an abrupt change in external loading and if this shape change is completely recovered when
the original loading state is restored. Numerous and diverse sources for anelastic strain exist,
such as the migration of atoms or the rearrangement of lattice defects such as vacancies and/or
dislocations and of interfaces in crystalline materials under the influence of an external force
[138, 191, 192]. Common to all these mechanisms is their non-instantaneous nature resulting in a
delay (or phase shift) of the anelastic strain relative to the stress. All materials have some degree
of anelasticity and the anelastic behavior is closely connected to the microstructure, that is to
the type and number of foreign atoms, lattice defects and interfaces and their interaction among
each other. In martensitic microstructures, twin boundaries separating martensite variants have
been identified as the primary sources for anelasticity due to their high mobility [139, 140].
The reason for the increased anelasticity in Ti-(23.5-31)Nb cannot be stated with full certainty,
but it may be argued that it is related to the presence of ω precipitates, either of athermal
or isothermal type or both. Such precipitates could act as pinning sites of otherwise glissile
dislocations and interfaces like martensite twin boundaries. Under the influence of the external
force the dislocations and interfaces, their free motion being impeded by the ω obstacles, may
bow out in between the pinning sites and thereby generate macroscopic strain. On unloading the
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bowed segments return to their initial position and the original shape is recovered. In the absence
of pinning sites, as potentially is the case in Ti-16Nb and Ti-18.5Nb, dislocations and interfaces
can move more freely through the crystal and instead of returning to their original position they
remain stationary on unloading resulting in a permanent macroscopic shape change.
5.5.2 Variation of El with Nb content and the role of pre-straining
Another interesting feature is discovered by examining the evolution of the loading modulus El
with applied strain in Fig. 5.8. In all alloys, except for Ti-16Nb, El seems to decrease when the
amount of pre-strain is increased. While in Ti-28.5Nb and Ti-31Nb the effect is not pronounced
and El registered at 4.5% applied strain is ≈ 10 GPa lower than El of the first loading, the
effect is quite strong in the Ti-(18.5-26.5)Nb alloys, where a decrease of El by 20 to 25 GPa was
recorded after compression to 4.5%. Considering the experimental scatter the observed changes
are insignificant in Ti-28.5Nb and Ti-31Nb (and also in Ti-16Nb) but are non-negligible in the
Ti-(18.5-26.5)Nb alloys. At first thought, a reduction of the loading modulus El by pre-straining
may appear implausible but several scenarios lead to an explanation of this effect, as discussed
in the following.
 The movement of twin boundaries in self-accommodated martensite under the action of
an external stress often results in the conversion of one crystallographic martensite variant
into another twin-related variant. This process is known as martensite reorientation or
detwinning [133, 134, 193, 194]. The resulting strain is permanent and not recovered by
restoring the original stress state. SM alloys may recover this deformation when heated
above Af . During the reorientation process the martensite variant which is favored by the
external stress consumes the unfavorably oriented variants. This results in a change in
the mean global lattice orientation and hence causes a texture change, which was recently
observed in martensitic NiTi by Cai et al. [193]. Through tensile tests carried out in-situ
in an X-ray beam they saw that already at a tensile strain of ≈ 2% the initial texture
had changed, due to detwinning. By the same experimental approach these authors in-
vestigated the detwinning process in α′′-martensitic Ti-28.5Nb upon straining in tension
to 5%. Also here, straining was accompanied by changes in the texture of the martensite
phase [195]. In both the α-phase of Ti (which is structurally identical to martensite α′)
and the β-phase in Ti-Nb alloys the Young’s modulus E considerably varies with crys-
tallographic direction in the unit cell [160, 196–198]. In α-Ti, E = 104 GPa for uniaxial
loading with the stress direction in the basal plane (0001)α, but E = 146 GPa for uniax-
ial loading normal to it. A pronounced elastic anisotropy also exists in the β-phase, for
instance measurements on Ti-45.5Nb single-crystals revealed that in this composition E
varies between 39.5 GPa (loading along 〈100〉 β) and 91 GPa (loading along 〈111〉 β) [160].
Because of the elastic anisotropy of α and β it may be assumed that the Young’s modulus
of α′′ is anisotropic, too. Any texture change in an aggregate of α′′ grains will thus affect
its effective macroscopic Young’s modulus. Following this line of argument, the decrease
in El, as suggested by Fig. 5.8, hence may be the result of a texture change in α
′′.
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To test this assumption, XRD was carried out on deformed samples of Ti-23.5Nb, which
shows the strongest change in El. The results obtained provide evidence in support of tex-
ture being responsible for the El decrease. For this, on flat longitudinal sections of round
cylindrical specimens diffraction patterns were recorded in the undeformed state and after
applying a compressive strain of 4.5%. Figure 5.11 compares two of these patterns. The
undeformed state entirely consists of α′′. Straining to 4.5% results in the following changes:
The relative intensities of some α′′-reflections have altered, in particular the intensity of
the {020}α′′ and {111}α′′ reflections have decreased while the intensity of the {002}α′′ and
{022}α′′ reflections have increased. These changes suggest that straining to 4.5% induces
alterations in the texture of α′′.
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Figure 5.11: Reflection X-ray diffractograms of Ti-23.5Nb in the initial as-quenched state
and after a compressive strain of 4.5%. The patterns were recorded from the same sample
surface. The normalization was performed with respect to the total number of counts Itotal.
 Post-deformation XRD analysis (Fig. 5.11) provides evidence for a second mechanism that
is expected to lead to a decrease in El by pre-straining. Examinations by XRD show
that deformed samples contain some β-phase, which was not detected in the undeformed
samples. The presence of β in the deformed samples is suggested from the increased
X-ray intensities at Q ≈ 2.7 A˚−1 and Q ≈ 3.83 A˚−1 corresponding to the {110}β and
{200}β plane families. It should be mentioned that these intensities could also correspond
to {101¯1}ω, {112¯0}ω and {202¯1}ω reflections of ω, however no intensity rise was found
at any ω-sensitive angle. Also, an increase in the fraction of ω is expected to cause a
rise in El, which is not confirmed by the data (Fig. 5.8). In β-Ti-40Nb E ≈ 60 GPa is
found and experiments and ab-initio calculations predict a decreasing trend for E in β-Ti-
cNbNb alloys for cNb < 56 wt.% (40 at.%) towards the Nb-lean side of the phase diagram
(Fig. 5.2 and [157]). This suggests a quite low E < 60 GPa for the β-phase in alloys
with Mf > RT which could be lower than E of the quenched-in α
′′-microstructures. The
decreasing trend of El with applied strain in Fig. 5.8 may thus be explained by an increase
of the fraction of the β-phase, which presumably forms from α′′. An increase in the β
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fraction was also reported by Cai et al. in Ti-28.5Nb consisting of α′′, ω and some β upon
straining in tension to 5% [195]. They observed the constitution of phases during straining
by in-situ XRD and reached a similar conclusion as presented here, namely that some α′′
transformed to the β-phase during deformation. In spite of the deviation of the initial
undeformed microstructures of their sample relative to the one used here (Fig. 5.11), the
work by Cai et al. supports the idea of α′′ transforming to β during straining. Such a
transformation path is counter-intuitive as well as unexpected for typically it occurs in the
reverse direction β → α′′ under the influence of an external stress. A deformation-induced
α′′ → β transformation thus represents a novel deformation mechanism, respectively a
novel way, of accommodating an imposed strain in α′′-martensitic Ti-Nb alloys.
 A third scenario leading to the reduction of the loading modulus El in pre-strained samples,
as seen in Fig. 5.8, involves the presence of anelasticity and the determination procedure
of El from stress-strain curves. As mentioned above, for each hysteresis loop El was
determined as the average modulus in the stress interval from 0 to 50 MPa of the loading
branch. Any anelasticity occurring at these stress levels contributes to the overall strain
and, in this manner, reduces the average modulus of this stress interval. In fact, the two
alloys that exhibited the highest anelastic strains (Ti-23.5Nb and Ti-26Nb) also showed the
strongest decreases in El, as seen from Figs. 5.8 and 5.9. This suggests that the lowering
of El by pre-straining may be attributed in part to the activation of anelastic deformation
mechanisms.
In summary, three scenarios were identified, each of which is expected to result in a decrease of
the loading modulus El as permanent strain is accumulated:
1. A texture change (e.g. by detwinning) combined with the crystallographic anisotropy of
the elastic moduli causes a lowering of the macroscopic Young’s modulus in the loading
direction.
2. A deformation-induced α′′ → β transformation leading to an increase in the volume frac-
tion of the soft β-phase.
3. The activation of anelastic processes bringing about a decrease of the average modulus in
the stress interval from which El was calculated.
5.5.3 Effect of pre-straining on the energy dissipation
From the stress-strain curves in Fig. 5.4, it is found that the width of the hysteresis loops varies
with Nb content and amount of pre-strain. In Nb-lean alloys the loops are slender but become
wider and enclose larger areas in Nb-rich compositions. The area enclosed by a hysteresis loop
corresponds to the energy dissipated per unit volume of material per cycle and is a direct measure
for the mechanical energy converted to heat by internal friction. It is indicated by the gray area
in Fig. 5.3 and is obtained by integrating along the boundaries of a closed stress-strain loop
∆W =

σdε. (5.10)
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The hysteretic energy dissipation associated with one cycle can be assessed by the loss factor
Q−1 =
∆W
2pi ·W , (5.11)
which relates the dissipated energy ∆W to the total stored energy W . W is given by the area
under the loading branch of a hysteresis loop (the integral of the ascending segment between II
and the crossing-over in Fig. 5.3). In the test schemes used here the total energy which can be
stored by the test object before plastic deformation occurs is equal or larger than W . At small
applied strains when the deformation is still fully recovered the energy that can be stored by
the specimen before plastic deformation sets in can be larger than W .
Figure 5.12 shows the evolution of the stored energy W , the dissipated energy ∆W and the
loss factor Q−1 in martensitic Ti-Nb alloys upon straining to 4.5% based on the analysis of the
hysteresis loops obtained by cyclic compression tests (Fig. 5.4). Also provided in Fig. 5.12c is
a scale for the relative energy dissipation ∆W/W , which gives the fraction of the stored energy
W that is absorbed by the specimen.
As deformation proceeds the amount of energy W the microstructures can absorb rises con-
tinuously in all compositions (Fig. 5.12a). This behavior can be attributed to the combined
effect of work-hardening, which is evident in Figs. 5.1 and 5.4, and the reduction of the average
inclination of the hysteresis loops described by Esecant (Fig. 5.8). Furthermore, the higher the
strength and the stronger the reduction of Esecant, the higher the energy uptake. As a result,
for a fixed pre-strain W increases from Ti-16Nb towards Ti-23.5Nb and then falls again towards
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Figure 5.12: Influence of pre-straining on (a) the stored energy, (b) the dissipated energy
and (c) the dissipated energy as a fraction of the stored energy and the loss factor in α′′-
martensitic Ti-Nb alloys upon compression to 4.5%. SD stands for standard deviation.
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Ti-31Nb. In all alloys in the first hysteresis loop hardly any energy is dissipated, as Fig. 5.12b
shows, but the dissipated energy ∆W increases strongly as the amount of pre-strain is increased.
Again, similar to the stored energy W the dissipated energy ∆W grows from Ti-16Nb towards
Ti-23.5Nb and then falls down towards Ti-31Nb for a fixed pre-strain. The highest values of
W and ∆W are found in Ti-23.5Nb, which after pre-straining to 4.5% can absorb more than
W = 11 MJ/m3 before deforming permanently. From this amount of energy ∆W ≈ 1.5 MJ/m3
are not released by the microstructure on unloading. At the same time the material recovers a
total strain εtotalel = εel + εan ≈ 2% as can be seen in Fig. 5.9.
Relating the dissipated energy ∆W to the stored energy W shows that the dissipated energy
fraction grows with pre-straining and it grows more strongly in the Nb-rich alloys. While in
Ti-(16, 18.5)Nb the dissipated fraction ∆W/W stays below 9% for all strains it rises to more
than 14% in the alloys with cNb > 23.5 wt.%. In the alloys Ti-(28, 31)Nb ∆W/W goes through
a maximum between an applied strain εtotal of ≈ 1.5% and ≈ 2.5% and then decreases slightly
again. The maximum energy dissipation is found in Ti-31Nb at an applied strain of 1.5%, where
≈ 20% of the stored mechanical energy W is dissipated per cycle which is equivalent to a loss
factor of Q−1 ≈ 0.03. Considering the amplitude dependence of hysteretic energy dissipation, the
dissipation observed in α′′-martensitic Ti-Nb alloys is comparable with the dissipation observed
in other martensitic systems, e.g. Cu-Zn-Al and TiNi-based alloys [139, 199].
5.6 Chapter summary
This chapter presented studies of the mechanical properties and deformation behavior of quenched
Ti-Nb alloys using monotonic and cyclic compression tests, IET, nanoindentation and micro-
hardness measurements. The results can be summarized as follows: The measurement of Young’s
modulus (E) and shear modulus (G) of martensitic Ti-Nb alloys by IET and nanoindentation
indicate maxima in E and G at a Nb content of 25 wt.% 6 cNb 6 30 wt.%. The dependence
of the loading modulus El on the Nb content determined by compressive loading leads to the
same conclusion. The lowest moduli were found at low Nb contents in Ti-16Nb and at high Nb
contents in Ti-(36-45)Nb. These results are in agreement with and reinforce the literature data
[17–21]. Furthermore, the collected data show that minimal values of E and G are found at the
limiting compositions of α′′.
For the yield strength, the same variation as a function of Nb content was found as for the
elastic moduli. Compositions with lower moduli showed lower yield strength and those with
higher moduli showed higher yield strength. The origin of the modulus and hardness increase
for 25 wt.% 6 cNb 6 30 wt.% could not be ascertained, however, literature data report a partial
correlation of high moduli and hardness with the occurrence of high-modulus ωath precipitates
[18, 33].
Compression tests show that stress-strain curves of the martensitic alloys lack distinct yield
points as well as Hookean linear elastic segments, suggesting the presence of non-linear elasticity
and/or anelasticity or a widely distributed trigger stress for martensite detwinning. Analysis
of loading-unloading hysteresis loops indicate quite large differences of a few 10 GPa between
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the loading modulus El and the unloading modulus Eun. Hence, a non-linear elastic stress-
strain relationship was used to separate purely elastic from anelastic strain contributions. The
alloys Ti-(23.5-31)Nb exhibit relatively larger anelastic strain fractions (Fig. 5.10) compared to
the alloys Ti-(16-18.5)Nb. The highest total reversible strain (εtotalel ≈ 2% at an applied strain
of εtotal = 4%) and consequently the lowest plastic strain was found in Ti-23.5Nb, which also
exhibits the highest strength (σcyclic0.2 = (910±12) MPa).
Furthermore, upon deformation the loading modulus El decreased in most alloys and the
unloading modulus Eun increased in all alloys, the El decrease being most pronounced in Ti-
23.5Nb. Results obtained by XRD suggest that deformation to 4.5% is associated with a change
of the global crystallographic texture, as well as with an increase in the β-phase fraction. While
a texture change could originate from a martensite detwinning process, which is a well known
deformation mechanism in twinned martensitic microstructures [133, 134, 193, 194], the increase
in the β-phase fraction implies a deformation-induced martensite to austenite α′′ → β conver-
sion. A deformation-induced reverse martensitic transformation has not been observed before
in martensitic systems and thus represents a novel mechanism to accommodate strain not only
in Ti-Nb alloys, but in martensitic microstructures in general.
The hysteretic energy dissipation of martensitic Ti-Nb alloys is comparable to other marten-
sitic systems, such as Cu-Zn-Al or Ti-Ni alloys [139, 199]. The highest absolute energy dissipation
∆W is found in Ti-23.5Nb and the largest loss factor Q−1 in Ti-31Nb.
6 Thermal stability and precipitation pathways
6.1 Chapter overview and aims
Profound knowledge of the conditions of α′′ formation and its thermal stability is crucial to
develop microstructures with improved SM and SE properties and to understand the origin of
instabilities observed during SM cycling. It is also central to acquire a deeper understanding of
the physical metallurgy of β-isomorphous Ti-based alloys.
The SM and the SE behavior in Ni-free Ti-alloys, such as Ti-Nb, is based on the formation
of the orthorhombic martensitic phase α′′ from the austenitic β phase and its reversion [4,
10, 11, 14, 29, 31, 65, 102, 200–202]. The crystallography and the mechanical behavior of the
martensitic phases α′ and α′′ vary with the Nb content, as presented and discussed in Chapters 4
and 5. In particular, partially martensitic alloys exhibiting α′′+β microstructures show complex
decomposition behavior upon heat treatment [71, 79, 80, 127, 131]. In some martensitic alloys
it was observed that α′′ reverts back to β, followed by the formation of ωiso during aging
treatments [71, 91, 122, 124, 127]. A clear picture of the transformation behavior during heating
of α′′-martensitic Ti-alloys and its dependence on Nb content in Ti-Nb alloys have not been
established up to now.
Alloying with Nb lowers Ms from a temperature range of 882 − 855°C in Ti [203] down to
RT in compositions close to Ti-39Nb [90, 92] and at the same time increases the chances for
diffusional ωiso formation as the β-stabilizer content is raised [2, 79, 80, 89, 124]. Due to the
absence of intermetallic phases and the very broad α + β two phase region a high degree of
metastability is encountered in Ti-Nb alloys (and likewise in other β-isomorphous Ti-alloys,
such as Ti-Ta, Ti-V, Ti-W, Ti-Mo). The combination of these effects together with the sluggish
kinetics of diffusional processes in Ti-Nb [32, 89] suggest the emergence of various decomposition
processes and precipitation pathways of quenched-in metastable states depending on the β-
stabilizer content and heat treatment parameters.
In the present work, isochronal DSC and dilatometry measurements were performed in or-
der to investigate the influence of Nb content on the thermal stability, and the occurrence of
decomposition reactions and the martensitic transformation temperatures. The phases at se-
lected temperatures were analyzed by XRD, complemented by TEM analyses. To follow the
decomposition of α′′ during heating, in-situ SXRD was performed at the beamline ID11 of the
synchrotron facility ESRF, France. All X-ray diffractograms presented in this chapter (excluding
the diffractograms obtained at the synchrotron in Section 6.3.2) were recorded in Bragg-Brentano
geometry. All experiments started from the HQ states of the Ti-Nb alloy series.
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6.2 Thermal stability of martensitic Ti-Nb alloys
First, the transformation sequences and decomposition reactions occurring during thermal cy-
cling of HQ Ti-Nb alloys are studied based on heat flow and dilatation curves recorded by DSC
and dilatometry. Subsequent to this, the experimental evidence that facilitated the interpreta-
tion of DSC and dilatometry scans is presented and discussed in Section 6.3.
Figures 6.1 and 6.2 show the influence of the Nb content in the Ti-Nb alloy series on the heat
flow during isochronal cycling. One DSC cycle consisted of heating from RT into the β-phase
field to 1150°C and subsequently cooling down to RT both with a rate of 10°C/min. For each
alloy two cycles were recorded and the heating and the cooling segments are presented in Fig. 6.1
and Fig. 6.2, respectively. In both figures the temperature of the metastable allotropic β ↔ ω
transformation in Ti at ambient pressure according to Zhang et al. [32] is indicated by a vertical
line at 485°C. It represents the maximum temperature at which ω may occur in Ti-Nb alloys.
The thermal stability of the initial martensitic state decreases and the transformation sequences
on first heating become more complex with addition of Nb, as shown in Fig. 6.1. In Ti–(13.5-
28.5)Nb an endothermic reaction (labeled I) occurring over a broad temperature range of about
200°C is detected in the first heating. This reaction coincides with the α−β-transus, as seen by
comparison with the equilibrium phase diagram ([32] and Fig. 2.9). Increasing the Nb content
causes the reaction to occur at a lower temperature. In Ti–(16-23.5)Nb an additional small
exothermic reaction occurs below I. This reaction (labeled II) corresponds to the decomposition
of the metastable martensitic state into α and β phases. A drastically different transformation
behavior was found in alloys containing > 26 wt.% Nb. In these alloy compositions an additional
sharp endothermic reaction (labeled VI) corresponding to the reverse martensitic transformation
α′′ → β0 is recorded. Due to the β-stabilizing nature of Nb martensite reversion α′′ → β0
takes place at lower temperatures in Nb-rich alloys. In Ti–(26–31)Nb reversion of α′′ → β0 is
immediately followed by a strong exothermic reaction (labeled V) that results from the formation
of ωiso. In Ti–(26–31)Nb another endothermic reaction (labeled IV) occurs at around 485°C, i.e.
at the maximum temperature of stability of ω in Ti-Nb [32], corresponding to the conversion
of ωiso into β. The freshly formed β is unstable against precipitation of α as seen from the
exothermic reaction III in Ti-(26-28.5)Nb. The formation of ωiso and α from β during heating
(reactions V and III) is not detected for cNb > 33 wt.% and cNb > 28.5 wt.%, respectively, which
can be attributed to the strong decrease in diffusivity of Nb atoms in the β-Ti-Nb host lattice
[89] besides the reduction of the thermodynamic driving force for decomposition of metastable
β as the Nb content is raised.
Judging from the heat flow signals recorded by DSC the transformation behavior during cool-
ing exhibits less complexity, as seen from Fig. 6.2. In Ti–(13.5–28.5)Nb an exothermic signal
(labeled VII) above the stability limit of ω at 485°C is found, which shifts down to lower tem-
perature by increasing the Nb content. This reaction is identified with the diffusional β → α
transformation by phase analysis of samples subjected to one thermal cycle (as presented in
Section 6.3). In the alloys Ti–(13.5–23.5)Nb another exothermic signal (labeled VIII) occur-
ring slightly below and overlapping with α precipitation (peak VII) is found. In the works by
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Prabha et al. [90] and Guo et al. [21] similar overlapping exothermic reactions were observed.
Comparison with the phase diagram (Fig. 2.9) shows that this event occurs around the Ms-
temperature. Also small amounts of martensite α′′ aˆre found in samples after one thermal cycle
suggesting that the event VIII is caused by martensite formation β → α′′. Hence, prior to the
β → α′′ transformation solute atoms segregate and consequently large fractions of metastable
β-phase are retained at RT.
An additional exothermic event ascribed to the simultaneous occurrence of β → ωath and β →
ωiso (labeled IX) appears in Ti–(28.5-36)Nb. Fig. 6.2 shows that these alloys are most prone to
the formation of ω during cooling. In alloys with cNb > 38 wt.% no reactions are detected during
cooling from the the single β-phase field with 10°C/min above 100°C. At lower temperatures
martensite formation takes place, as will be shown in Section 6.4. As the precipitation of α and
formation of ω are the dominating reactions during slow cooling from the β-phase field and only
minor fractions of martensite form, the heat flow signals originating from decomposition and
reversion of martensite during the first heating (reactions II and VI in Fig. 6.1) are not observed
upon heating for the second time.
In addition to DSC, dilatometry was carried out on Nb-rich compositions. The dilatometric
signals of the alloys Ti-(28.5-45.5)Nb obtained during heating are shown in Fig. 6.3 and the sig-
nals obtained during cooling in Fig. 6.4. On first heating a contraction followed by an expansion
of approximately the same extent was found in Nb-lean alloys. These length changes originate
from the diffusional formation of ωiso and its transformation into β. The precipitation of ωiso in
the solid solution β0 matrix following martensite reversion α
′′ → β0 is associated with a volume
contraction. At the upper limit of ω stability at 485°C ωiso transforms back into β, causing
an expansion. Upon cooling a contraction was found in Ti-(31-38)Nb, which shifts to lower
temperature and becomes smaller by Nb addition. This contraction results from the diffusional
precipitation of ωiso from β. On second heating only weak formation of ωiso was detected slightly
below 485°C and again an expansion at around 485°C corresponding to ωiso → β.
6.3 Correlation of differential scanning calorimetry and dilatometry
with stable and metastable phase diagrams
In order to explain and identify the reactions detected by DSC and dilatometry, the alloys
Ti-(13.5; 21; 28.5; 31; 33; 39.5)Nb were chosen for more detailed investigations by additional
dilatometry and phase analysis by post-heat treatment XRD. The calculated phase diagrams by
Zhang et al. [32] are used for direct comparison with the heat flow and dilatometric signals in
conjunction with phase analysis to understand the observed reactions. Specimens were sealed
in silica glass tubes under Ar and placed into a furnace which had been pre-heated to selected
temperatures corresponding to prominent features observed in the heat flow and dilatometric
signals. The constitution of phases at the desired temperature was ‘frozen in’ by immediately
quenching the specimen into water by breaking the silica glass tube after a holding time of 1 min
at the desired temperature. Afterwards the phases were examined by XRD and the microstruc-
tures of selected specimens were additionally characterized by TEM. The heat treatments and
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the resultant microstructures are summarized in Tab. 6.1. Special care was taken that the initial
phase constitutions of all samples of a single alloy were identical by checking it beforehand by
XRD.
Table 6.1: Overview of phase constitutions resulting from heat treatment of HQ Ti-Nb
alloys.
Alloy composition (wt.%) Heat treatment Resulting phases/microstructure
Ti-13.5Nb 1 545°C + WQa α(+β)1 1150°C % RT (10°C/min)b α+ β
Ti-21Nb 1 540°C + WQa α′′ + β + α1 1150°C % RT (10°C/min)b α+ β(+α′′)
Ti-28.5Nb 1 280°C + WQa α′′(+β)1 400°C + WQa β + ωiso1 545°C + WQa α′′ + α+ β1 1150°C % 400°C + WQa β + α+ α′′1 1150°C % RT (10°C/min)b β + α(+α′′ + ω)
Ti-31Nb 1 1150°C % RT (10°C/min)b β + ω(+α′′)
Ti-33Nb 1 245°C + WQa α′′ + β1 420°C + WQa β + ωiso(+α′′)1 530°C + WQa α′′ + β(+α+ ω)1 1150°C % RT (10°C/min)b β + ω(+α′′)
Ti-39.5Nb 1 1150°C % RT (10°C/min)b β + α(+α′′ + ω)
aHeat treated in a furnace. bHeat treated in the DSC.
6.3.1 Ti-13.5Nb
Figure 6.5 compares the first DSC and dilatometry cycles of Ti–13.5Nb with the stable and
metastable phase diagrams of Ti–Nb. The initial microstructure of this composition at RT after
quenching consists of hexagonal martensite α′ with minor fractions of β and/or ω as shown in
Fig. 6.6a. Heating to 545°C followed by quenching does not change the initial phase constitution,
as Fig 6.6b demonstrates. The broad endothermic event between 650°C and 850°C occurring
upon heating coincides with the β-transus separating the α+β phase field and the single β-phase
region. As heating through the two-phase α+β field takes place, α continuously converts into β
and, thereby, the volume fraction of β gradually increases. Based on this consideration the broad
temperature interval of about 200°C from onset to finish of this reaction can be understood.
To assign the exothermic reaction detected between 850°C and 550°C upon cooling the consti-
tution of phases was analyzed by XRD after the first DSC cycle, the corresponding diffractogram
is shown in Fig. 6.6c. A mixture of α and β phases with minor amounts of martensite α′′ is
found, in which the presence of non-transformed β indicates that α formed at least partially
in a diffusional manner during cooling. Brown and Jepson [204] demonstrated in the case of
Ti–17.7Nb that cooling rates higher than 6000°C/min are necessary to determine the martensitic
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Figure 6.5: Heat flow and dilatometric signals during the first cycle (right) of Ti–13.5Nb
in comparison with the Ti–Nb phase diagrams (left). Solid lines delineate boundaries in
the equilibrium α − β phase diagram. Gray areas represent the two-phase regions in the
metastable ω−β phase diagram. Horizontal lines mark temperatures to which samples were
heated and quenched for phase analysis. (Adapted from [155])
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Figure 6.6: X-ray diffractograms of Ti–13.5Nb heated to various temperatures. (a) The
initial state at RT. (b) Heated to 545°C and quenched into water. (c) After the first DSC
cycle (heating and cooling rate 10°C/min). A logarithmic scaling is used on the vertical axis
to improve visibility of low intensity reflections.
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start temperature Ms. For lower cooling rates the Ms point shifted to higher temperatures sug-
gesting a diffusional component in the transformation. Based on Brown’s observation and the
fact that for Ti–13.5Nb higher Nb diffusivities are expected at Ms, the reflections in Fig. 6.6a are
attributed to α instead of α′. Still, rejection of Ti from β did not follow the equilibrium bound-
aries so that a low fraction of undercooled β with cNb < 40 wt.% transformed martensitically
into α′′.
No length changes were detected by dilatometry (Fig. 6.5) for both α→ β and reverse β → α
transformations. However, at around 485°C an expansion was registered upon heating presum-
ably caused by the transformation of ωiso into β . This ωiso may have been already present in
the initial HQ state or may have formed during the initial stages of heating.
6.3.2 Ti-21Nb
The first DSC and dilatometry cycles of Ti–21Nb in comparison with the Ti-Nb phase diagrams
are shown in Fig. 6.7. The initial microstructure at RT after quenching from 1000°C consists
of orthorhombic martensite α′′ as main component with minor amounts of β and ω, as evident
from XRD analysis (Fig. 6.8).
0.05 W/g
1000
900
700
600
500
400
300
200
100
0
800
RT
540°C
882°C
430°C
T0β/ω
ω + β
Msα
β
ω
20100 30 40
0
100
200
300
400
500
600
700
800
900
1000
0.004 ΔL/L0
485°C
1550 20 2510
Nb content hat.wi
Te
m
pe
ra
tu
re
h°
C
i
α-β transus
Nb content hwt.wi
Exothermic heat flow
Heat flow
Dilatation
Te
m
pe
ra
tu
re
h°
C
i
diagramα-βω-β
Figure 6.7: Heat flow and dilatometric signals during the first cycle (right) of Ti–21Nb
in comparison with the Ti–Nb phase diagrams (left). Solid lines delineate boundaries in
the equilibrium α − β phase diagram. Gray areas represent the two-phase regions in the
metastable ω−β phase diagram. Horizontal lines mark temperatures to which samples were
heated and quenched for phase analysis. (Adapted from [155])
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Phase transformations upon heating
Heating to the peak temperature of the exothermic event at 540°C and quenching into water
results in an α′′ + β + α phase mixture, in which α′′ is the dominating component (Fig. 6.8b).
Based on this observation the exothermic event at 540°C is assigned to the decomposition α′′
into α + β. It can be excluded that α formed athermally by quenching from 540°C because
Mα
′
s , the martensite start temperature for the formation of α
′ from β, lies about 100°C higher.
The lattice parameters of α and of α′′ in Ti-21Nb heated to 540°C are aα = 2.95330(9) A˚,
cα = 4.69599(26) A˚, aα′′ = 3.13956(33) A˚, bα′′ = 4.8516(4) A˚ and cα′′ = 4.6585(4) A˚. Comparison
of the values of α′′ with those in HQ Ti-Nb alloys reported in Fig. 4.7b in Section 4.3.1 shows
that these values correspond to α′′ with a Nb content of ≈ 32 wt.%. The presence of Nb-enriched
α′′ exhibiting the lattice parameters given above was also confirmed by TEM analysis, as shown
in Fig. 6.9. The microstructure exhibits packets of fine lamellae, about 50 − 100 nm thick,
as shown in Figs. 6.9a and 6.9b. SAED-patterns (Fig. 6.9c) show the presence of two phases
which agree with α-Ti-Nb and α′′ having the lattice parameters measured by XRD (Fig. 6.9d)
and given above. EDX-analysis reveals that Nb accumulated (approximate Nb content cNb ≈
35 wt.%) in the dark lamellae visible in Fig. 6.9b, while Nb was expelled from the bright lamellae
(approximate Nb content cNb ≈ 12 wt.%). Thus, the dark lamellae correspond to Nb-enriched
orthorhombic martensite α′′ and the bright lamellae to α. α′′ of this composition may have
formed via diffusional Nb-segregation during heating of α′′ produced by the HQ treatment.
Another potential pathway for the formation of Nb-enriched α′′ leads via the precipitation of β
with Mα
′′
s > RT which transforms into α
′′ upon quenching. However, analysis of the quenched-in
microstructures by XRD at RT (Fig. 6.8) did not reveal the formation pathway of Nb-enriched
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Figure 6.9: (a) Bright-field TEM image of Ti-21Nb heated to 540°C and quenched into
water. (b) Close-up of a region exhibiting a lamellar microstructure. The dark lamellae
are Nb-depleted and the bright lamellae Nb-enriched. The crosses A and B mark positions
of EDX spot analyses. (A: cNb = 35 wt.%; B: cNb = 12 wt.%). (c) SAED-pattern of the
circular region indicated in (b) exhibiting reflections of α and α′′. (d) Calculated electron
diffraction patterns of α and α′′ agreeing with the experimental pattern in (c). Circles and
triangles correspond to primary reflections of α′′ and α, respectively, and crosses indicate
reflections arising from double diffraction.
α′′. Thus, in-situ XRD was carried out to observe the structural changes during heating. These
results are presented in the following section.
In-situ synchrotron study of martensite decomposition upon heating
Only when the phases formed during aging do not decompose or change during cooling to RT the
microstructure present at the aging temperature will be observable at RT. For β this is only the
case when due to precipitation of α and/or ω it is enriched with enough Nb to lower Ms under RT
and when β is stable enough against ωath formation and additional α precipitation. Otherwise
martensite formation as well as α and/or ω precipitation takes place during cooling from the
heat treatment temperature, thereby altering the phase constitution at the temperature interest.
These difficulties can be overcome by the use of in-situ diffraction methods which permit direct
observation of the microstructural evolution caused by heat treatments and/or thermal cycling.
In-situ diffraction methods, using e.g. synchrotron radiation, are therefore the first choice to
capture phase reactions and transitions taking place over a narrow temperature and time interval
directly at the critical temperature.
As described above, the transformation and decomposition pathway of α′′ depends on the
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Nb content. In alloys with cNb > 26 wt.% reversion of martensite α′′ followed by substantial
ω precipitation occurs, while for cNb 6 23.5 wt.% α′′ decomposes directly into an α + β phase
mixture (Fig. 6.1). It was reported that the decomposition of martensite α′′ into α and β phases
by aging below As involves a spinodal mechanism [91, 122] implying continuous changes in
chemical composition. However, the gradual progress of α′′ decomposition into α+ β cannot be
inferred from the DSC or the X-ray diffractograms recorded at RT (Figs. 6.7 and 6.8). For this
reason XRD was performed in-situ during heating of a Ti-21Nb bulk sample using synchrotron
radiation at the ESRF in Grenoble, France. The sample was heated from RT to 760°C in a
dynamic Ar-atmosphere using a constant heating rate of 10°C/min.
In Fig. 6.10 synchrotron X-ray diffractograms showing the decomposition of α′′ are presented.
It turns out that the martensitic phase present at RT in Ti-21Nb is stable up to a temperature
of about 520°C and fully decomposes upon further heating to 590°C. Above 590°C only α and β
phases are detected. Figure 6.11a shows the evolution of the lattice parameters of α′′, α and β
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Figure 6.10: Synchrotron X-ray diffractograms of Ti-21Nb recorded in the temperature
interval in which decomposition of martensite α′′ into an α+β phase mixture occurs during
heating. Martensite decomposition takes place between 520°C and 590°C (heating rate
10°C/min). The Miller indices of the Bragg reflections are shown above and below the
diffractograms.
phases during heating from RT to 760°C. No precipitation product is detected in the temperature
range below 520°C (interval I in Fig. 6.11) suggesting that α′′ maintains its initial composition
present at RT up to this temperature. However, the character of the orthorhombic unit cell of α′′
becomes more and more cube-like between RT and 520°C. The ratios of the orthorhombic unit
cell edges
cα′′
aα′′
and
bα′′
aα′′
shown in Fig. 6.11b approach the value
√
2, for which a cubic unit cell is
obtained. A similar observation was made upon heating a partially martensitic Ti–10V–2Fe–3Al
(wt.%) alloy [131]. The behavior of the lattice parameters of α′′ for a temperature rise at fixed
composition is analogous to the behavior encountered when the Nb content of α′′ is increased at
constant temperature (as discussed in Section 4.3). In both cases, approaching T
β/α′′
0 results in
the structure of α′′ to become more similar to the that of β. Due to the polycrystalline nature of
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Figure 6.11: Evolution of (a) the lattice parameters of α′′, α and β phases and (b) of the
ratios of the unit cell parameters of α′′ in Ti-21Nb during heating from RT to 760°C.
the irradiated volume it was not possible to extract reliable information about the temperature-
dependence of the atom positions on the (002)α′′ plane. However, it is expected that at high
temperature atoms on (002)α′′ take positions that render the entire orthorhombic structure of
α′′ more similar to bcc β. This will manifest itself in an increase in the fractional coordinate
y of Wyckoff position 4c of the orthorhombic space group Cmcm upon heating α′′ towards
T
β/α′′
0 , thus resembling the behavior observed on approaching T
β/α′′
0 at constant temperature
by raising the Nb content where y increases from 0.1823(12) to 0.215(5) between cNb = 16 wt.%
and cNb = 38 wt.% (Fig. 4.15).
Between 520°C and 590°C (interval II in Fig. 6.11) the lattice parameters of α′′ change rapidly
and their behavior is inverted relative to interval I below 520°C in the sense that instead of
becoming more cube-like the character of α′′ becomes more hcp-like, as seen in Fig. 6.11b. This
is reflected by the behavior of (bα′′lean)/(aα
′′
lean
) which grows towards the value
√
3, for which a
hexagonal unit cell is obtained. As pointed out before, the lattice parameters of α′′ strongly
depend on the Nb content (Fig. 4.7b). Comparing the lattice parameters of α′′ found above
520°C for the in-situ heated Ti-21Nb with the parameters for different Nb contents at RT in
Fig. 4.7b suggests that parts of α′′ progressively reject Nb thereby approaching equilibrium α.
In this process, aα′′lean evolves into aα, bα
′′
lean
into aα
√
3 and cα′′lean into cα (Fig. 6.11a). At
about 590°C this Nb-depleted martensite, denoted α′′lean in Fig. 6.11, transforms into α. Nb-rich
martensite α′′rich gradually evolving into β was not detected by in-situ diffraction. α
′′
rich would
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be recognizable by the behavior of its lattice parameters in the sense that aα′′rich is expected to
evolve into aβ by Nb-accumulation, and bα′′rich and cα
′′
rich
into aβ
√
2. The values of aβ
√
2 are
provided in Fig. 6.11a. Above 590°C (interval III in Fig. 6.11) only α and β phases are detected.
The continuously changing lattice parameters of α′′ during heating from 520 °C to 590 °C infer
continuous changes in composition, which are potentially caused by a spinodal mechanism. This
assumption is supported by references [91, 122], where spinodal decomposition of α′′ in Ti-V,
Ti-Mo and Ti-Nb alloys was found upon isothermal aging at temperatures below As.
A close look at the data obtained by in-situ SXRD provides evidence that nucleation of α
from α′′ may take place, too (Fig. 6.12). Upon heating of α′′ a reflection appears at 520°C at
Q = 2.52 A˚−1 between the reflection of {110}α′′ and (020)α′′ that does not match any Q-values
of α′′. This reflection grows in intensity, moves to lower Q upon heating and gradually evolves
into {101¯0}α. From this temperature on the diffraction patterns exhibit a clear hexagonal
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Figure 6.12: Close-up of synchrotron X-ray diffractograms obtained during heating of Ti-
21Nb. The arrow indicates an reflection, which appears at 520°C and evolves into {101¯0}α
upon further heating.
symmetry corresponding to hcp α (with additions of bcc β) and no contributions of α′′ are
necessary to describe the observed intensities. The initial development of the {101¯0}α reflection
below 560°C (indicated by an arrow in Fig. 6.12) is not fully clear, though. This reflection may
correspond to {101¯0}α of early stages of α as well as to (020)α′′ of a second orthorhombic α′′lean
component. Because for both phases line profile fits reached comparable qualities unambiguous
phase assignment is not possible.
However, the following conclusions may be drawn: Assigning the intensity at 2.46 A˚−1 < Q <
2.52 A˚−1 below 560 °C (arrow in Fig. 6.12) to the {101¯0}α reflection results in values of aα which
are smaller by up to 7% than aα′′ . They are shown by open red squares in Fig. 6.11a. This rather
large difference in aα and aα′′ suggests that this α formed by a regular nucleation process from
α′′ and not as a spinodal product from α′′. During spinodal decomposition small composition
fluctuations are being progressively amplified producing solute rich and solute poor regions. The
concentration of the solute continuously changes across the enriched and depleted regions. In
112 6. Thermal stability and precipitation pathways
contrast, if the product phase forms by nucleation the precipitate will have its (meta)stable
composition already from the earliest stages on [4, 73]. Accordingly, nucleation of α is expected
to entail abrupt and sharp changes in composition and likewise lattice parameters between the α′′
matrix and the product α phase. However, if diffusion is slow and nucleation involves relatively
large concentration changes undercritical nuclei may be observed. These embryos will have a
chemical composition and structure intermediate between the parent phase and the product
phase. For a large fraction of the martensitic matrix in the in-situ heated Ti-21Nb depletion
proceeds continuously as evidenced by the progressive changes of the α′′ lattice parameters
towards those of α and of (bα′′lean)/(aα
′′
lean
) towards
√
3 in the interval II in Fig. 6.11. Thus, the
continuous changes in lattice parameters of α′′lean may also be due to a progressive development
of undercritical nuclei into stable nuclei of α.
The equally valid assignment of (020)α′′ to the reflection indicated by the arrow in Fig. 6.12
implies the presence of a second orthorhombic Nb-lean component α′′lean,II . The corresponding
values of bα′′lean,II are shown by open green circles in Fig. 6.11a. The structure of the second
orthorhombic component is already closer to hcp α than of its orthorhombic matrix, which
contains still more Nb. Both orthorhombic α′′lean components progressively become more similar
to the structure of hcp α until at about 600°C all α′′lean transforms into α.
Based on the experimental data presented in the current and the previous section two potential
transformation sequences, slightly different from each other, are proposed:
(1) α′′ → α′′lean + α(+α′′rich + β)→ α+ β
(2) α′′ → α′′lean,I + α′′lean,II(+α′′rich + β)→ α+ β
In both pathways α′′ depleted in Nb (denoted α′′lean) as well as α
′′ enriched in Nb (denoted α′′rich)
forms. In the first pathway α nucleation happens simultaneously with continuous depletion and
enrichment of α′′lean and α
′′
rich with Nb, respectively. In the second pathway two Nb-lean α
′′
lean
components (indicated by I and II) appear, which evolve into α in parallel. In both pathways,
Nb-enriched α′′rich and/or β is expected to take up the Nb expelled from α
′′
lean, where α
′′
rich
turns eventually into bcc β. Although α′′rich and β are not detected in the present experiment
during heating below 590°C, the existence of at least one of these phases is required for mass
conservation during Nb-depletion of α′′lean.
Phase transformations upon cooling
The exothermic signal (Fig. 6.7) during cooling from the β-transus at 700°C to the upper tem-
perature limit of ω at 485°C originates from the diffusional formation of α inclusions in the
supercooled β matrix. The presence of both phases is confirmed by XRD analysis after the
first DSC cycle, as illustrated in Fig. 6.8c, and only one α′′ reflection exhibiting low intensity
is detected. From this follows that lowering of Mα
′′
s due to enrichment of β with Nb during α
precipitation advances slightly more slowly than specimen cooling on average. Eventually, the
specimen temperature falls below Mα
′′
s and a minor amount of α
′′ is formed. Because an α+ β
microstructure already forms during the cooling segment of the first cycle the exothermic event
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at 540°C upon first heating does not recur when the specimen is heated again (Fig. 6.1). Similar
to Ti–13.5Nb, by dilatometry no significant length changes are detected during either heating
or cooling in Ti-21Nb.
6.3.3 Ti-28.5Nb
The heat flow and dilatometric responses of Ti–28.5Nb recorded by DSC and dilatometry during
the first thermal cycle in comparison with the Ti–Nb phase diagrams are shown in Fig. 6.13.
The initial phase constitution consists of orthorhombic martensite α′′, as seen in Fig. 6.14a.
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Figure 6.13: Heat flow and dilatometric signals during the first cycle (right) of Ti–28.5Nb
in comparison with the Ti–Nb phase diagrams (left). Solid lines delineate boundaries in the
equilibrium α − β diagram. Gray areas represent the two-phase regions in the metastable
ω − β phase diagram. Horizontal lines mark temperatures to which samples were heated
and quenched for phase analysis. (Adapted from [155])
Phase transformations upon heating
The initial state is preserved during heating to 280°C, as demonstrated in Fig. 6.14b. However,
heating above the endotherm–exotherm doublet to 400°C results in a drastic change of the phases
observed, i.e. a two-phase mixture consisting entirely of β+ωiso was found, as shown in Fig. 6.14c.
By refinement the corresponding lattice parameters were determined as aβ = 3.27667(6) A˚,
aω = 4.6565(20) A˚ and cω = 2.8263(15) A˚.
The presence of ω and β was also confirmed by TEM, as illustrated in Fig. 6.15. Dark-field
TEM images show that the ωiso precipitates are homogeneously distributed inside the β solid
solution matrix (Fig. 6.15a). From such dark-field images the estimated diameter of the ωiso
inclusions ranges from a few nm to about 30 nm. SAED-patterns (Fig. 6.15b) exhibit sharp
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Figure 6.14: X-ray diffractograms of Ti–28.5Nb heated to various temperatures. (a) The
initial state at RT, (b) heated to 280°C, (c) 400°C and (d) 545°C and quenched into water.
(e) Heated to 1150°C, cooled down to 400°C and quenched into water, (f) after the first DSC
cycle (heating and cooling rate 10°C/min). The splitting of β reflections for Q > 4.5 A˚−1
in (c) originates from the polychromatic Kα1+α2 radiation of the Co-tube. A logarithmic
scaling is used on the vertical axis to improve visibility of low intensity reflections.
ω reflections besides reflections of the β matrix. The formation of ω from β proceeds via the
’collapse’ of pairs of {222}β planes to their intermediate positions and the extent of ’collapse’ is
coupled to the β-stabilizer content of the ω inclusions [119]. The further the ’collapse’ advances
the sharper the reflections of ω in diffraction patterns become [92, 118, 205], and hence, the
sharp appearance of the ω reflections in Fig. 6.15b indicate that the {222}β plane ’collapse’ is
complete.
A reverse martensitic transformation requires supply of heat, whereas the formation of ωiso
from β is associated with release of heat, like any precipitation process based on diffusional
demixing of chemical species. Thus, signal VI in Fig. 6.1 is assigned to the reverse martensitic
transformation α′′ → β0. The endothermic nature of this reaction reveals that it proceeds in a
chemistry conserving way. Hence, at least parts of α′′ transform back to the parent β phase of
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Figure 6.15: (a) Dark-field TEM image of ωiso precipitates and (b) the corresponding
selected area electron diffraction pattern exhibiting sharp reflections of two ω variants (de-
noted ω1 and ω2) besides pronounced double diffraction. The electron beam direction is
parallel to [011]β and [112¯0]ω of both ω variants. The reflection used to form the dark-field
image of the ωiso precipitates in (a) is indicated by a circle. In the key diagram (c) filled
symbols represent primary reflections, open symbols and crosses indicate reflections caused
by double diffraction. (Adapted from [155])
identical stoichiometry, designated β0. The reverted β0 is unstable against chemical demixing
leading to precipitation of ωiso and/or α. By XRD at elevated temperatures Lopes et al. [127]
observed the α′′ → β0 reversion in Ti–30Nb and saw that α formed when heating continued.
Figure 6.1 shows that exothermic formation of ωiso (labeled V) immediately ensues the reversion
of martensite α′′ → β0 in Ti–(26-31)Nb alloys. However, it is not apparent if all ωiso precipi-
tates from the freshly created β0 or parts of α
′′ directly decomposes into β and ωiso, without
intermediate reversion to β0.
A similar pairing of an endothermic event immediately followed by an exothermic event was
found by other groups in α′′-forming Ti-Nb alloys with Nb contents between 25− 30 wt.%, too
[71, 126, 127, 206]. Mantani and Tajima [71] registered a monotonous increase in hardness upon
exposure of Ti-25Nb for 480 s to a temperature about 10 °C above the exothermic event. Aging
for longer times gave rise to a slight reduction of hardness values and the emergence of a two
phase α+ β microstructure. ωiso particles have been shown to act as heterogeneous nucleation
sites for the α-phase in various β-stabilized Ti-alloys [128, 207–210]. The α precipitates forming
upon prolonged aging of the ωiso + β microstructures have been observed to consume the ωiso
inclusions, as Lopes et al. [127] reported for the binary Ti-30.5Nb alloy upon exposure to 400°C
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for 1 h. These reports suggest that in the present case for the sample of Ti-28.5Nb heated to
400°C the ω − β metastable equilibrium is not reached yet and that on prolonged aging ωiso
would eventually transform into α.
On further heating to a temperature of 545°C α phase is found and α′′ reflections reappear.
In contrast, β reflections shrink and ωiso reflections entirely disappear, as shown in Fig. 6.14d.
Two reactions potentially responsible for the dissolution of metastable ωiso during heating from
400°C to 545°C are identified: (i) the continuous endothermic conversion of ωiso into β upon
raising the temperature through the two-phase ω+β field above the monotectoid temperature of
430°C (Fig. 6.13) and (ii) the exothermic transformation of ωiso into more stable α. Figure 6.13
shows that DSC registers a net endothermic heat flow between 400°C to 545°C suggesting that
ωiso → β is the dominant reaction in this temperature interval. The chemical composition of
the β phase created in this process is such that a two-phase state chemically demixed towards
the equilibrium α and β phases is energetically favored. Consequently, the exothermic event
around 560°C originates from the precipitation of α and its formation is confirmed by XRD as
shown in Fig. 6.14d. The occurrence of martensite α′′ and simultaneous lowering of β reflections
in this specimen can be easily understood by considering the rapid cooling by water quenching
that had followed heating to 545°C.
The dilatometric heating response in Fig. 6.13 reveals that the exothermic DSC event at 335°C
ascribed to ωiso formation (reaction V in Fig. 6.1) is accompanied by a volume contraction. This
confirms the idea that the heat release observed originates from ωiso formation, as ωiso formation
in Ti-Nb is considered to cause a reduction in the average atomic volume [113]. Vice versa, the
endothermic signal between 400°C and 545°C (Fig. 6.13) is associated with a volume expan-
sion and originates from the dissolution of ωiso into β upon heating. The interpretation of the
reactions V and IV in Fig. 6.1 as formation and dissolution of ωiso are thus substantiated by
dilatometry. Based on the observations presented above, the sequence of transformations occur-
ring in Ti–28.5Nb during isochronal heating with low rates such as 10°C/min can be summarized
as
α′′ → β0 → ωiso + β → β → α+ β → β.
Phase transformations upon cooling
Calorimetry detected two exothermic events during cooling as illustrated in Fig. 6.13. The X-
ray diffractogram in Fig. 6.14e demonstrates that cooling from 1150°C in the single β phase
field down to 400°C produces a β + α phase configuration with low amounts of martensite α′′.
Thus, the first exothermic event during cooling (560°C to 400°C) is attributed to the diffusional
precipitation of α from β. The fact that only a negligible volume fraction of martensite formed
upon cooling is confirmed by the second DSC heating run presented in Fig. 6.1 in which the
endothermic martensite reversion α′′ → β0 did not occur. The disappearance of α′′ → β0 was also
observed by other authors, who performed second heating runs after cooling with 10°C/min [126,
127]. After one full thermal cycle the intensity of the {112¯2}ω reflection at Q ≈ 5.2 A˚−1 is slightly
increased relative to the initial state (Fig. 6.14f). Due to the appearance of ω in combination
with other factors described in detail in the next section (6.3.4) the second exotherm (370°C
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to 270°C) in Ti–29Nb during cooling (Fig. 6.13) was ascribed to the simultaneous formation of
ωath and ωiso.
6.3.4 Ti-(31-39.5)Nb
The heat flow and dilatometric responses of Ti–33Nb recorded by DSC and dilatometry during
the first thermal cycle in comparison with the Ti–Nb phase diagrams are shown in Fig. 6.16.
The initial HQ state of this alloys consists of orthorhombic martensite α′′ with small amounts
of β according to XRD analysis (Fig. 6.17a). Reverting the martensite α′′ present in the initial
microstructure back to austenite β by heating to 245°C and quenching into water surprisingly
reproduces the initial state, i.e. β → α′′ occurs upon quenching, as can be seen by comparing
Fig. 6.17b with Fig. 6.17a. This behavior is in strong contrast to Ti-28.5Nb, where reversion
of martensite and subsequent quenching resulted in rapid diffusional demixing and formation
of a ωiso + β phase configuration. Accordingly, comparison of the heat flow curve of Ti-33Nb
with the one of Ti-28.5Nb reveals that α′′ → β0 in Ti-33Nb is not directly followed by the
strong exothermic signal arising from β → ωiso, which was found in Ti-28.5Nb. Only at a higher
temperature of ≈ 390°C heat release accompanied by volume contraction, which is characteristic
for ωiso precipitation, was registered in Ti-33Nb (Fig. 6.16). Heating to 420°C results in ωiso and
β phases with minor amounts of α′′ (Fig. 6.17c) and hence a very similar phase configuration as
the one found in Ti-28.Nb heated to 400°C (Fig. 6.14c). Further heating from 420°C to 530°C
causes ω to transform into β, which is associated with heat uptake and, according to dilatometry
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Figure 6.17: X-ray diffractograms of Ti–33Nb heated to various temperatures. (a) The
initial configuration at RT, (b) heated to 245°C, (c) 420°C, (d) 530°C and quenched into
water. (e) After the first DSC cycle (heating and cooling rate 10°C/min). A logarithmic
scaling is used on the vertical axis to improve visibility of low intensity reflections. The
asterisk (?) in (c) marks an unidentified reflection that did not match any of the known
phases in Ti-Nb nor oxidic or carbidic compounds of Ti and Nb.
(Fig. 6.16), with an expansion of the atomic volume. As a result, an α′′ + β phase constitution
with minor amounts of α and ω is present after heating to 530°C, the martensite α′′ having
formed by quenching after reaching the desired holding temperature (Fig. 6.17d). As shown in
Fig. 6.17e, a full thermal cycle results in a combination of β and ω with only marginal volume
fractions of α′′.
The DSC scan recorded during cooling exhibits an exothermic signal at around 300°C (indi-
cated by IX in Fig. 6.2), which is accompanied by a reduction in the average atomic volume
(evidenced by the dilatometric curve in Fig. 6.16). The heat flow and dilatometric signals during
cooling of alloys with similar compositions, in particular Ti-31Nb and Ti-36Nb in Figs. 6.2 and
6.4, show a comparable behavior. The strongest effect was found in Ti-31Nb, which according to
XRD analysis (Fig. 6.18a) exhibits an almost fully α′′-martensitic microstructure in the initial
HQ state. Phase analysis of this alloy slowly cooled with 10°C/min from the β-phase field to
RT shows the presence of β, ω and also of low amounts of α, as demonstrated in Fig. 6.18b.
Comparison of the DSC and dilatometry scans with the metastable ω−β phase diagram reveals
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Figure 6.18: X-ray diffractograms of Ti–31Nb before and after thermal cycling. (a) The
initial configuration at RT, (b) after the first DSC cycle (heating and cooling rate 10°C/min).
A logarithmic scaling is used on the vertical axis to improve visibility of low intensity
reflections.
that the exothermic event IX in Fig. 6.2 coincides with T
β/ω
0 , suggesting that the diffusionless
formation of ωath contributes to the heat release. On the other hand, the contraction observed in
parallel in the dilatometric signal indicates the diffusional precipitation of ωiso (compare Fig. 6.3
and [129]). Since the heat flow measurements do not allow a clear distinction between ωath and
ωiso formation and indications for both reactions exist, athermal and diffusional formation of
ωath and ωiso are likely to occur simultaneously or in rapid succession. A potential sequence of
events consists of (i) the diffusionless formation of ωath from β in the first step (in which ωath
inherits the chemical composition of β) and (ii) rejection of Nb from the ωath inclusions into
the β matrix by atomic migration leading to a reduction of the ω unit cell volume in the second
step.
In alloys with cNb > 31 wt.% the precipitation reactions gradually weaken upon Nb addition
until in Ti-39.5Nb above 100°C no reaction is detected either by DSC (Figs. 6.1 and 6.2) or
dilatometry (Figs. 6.3 and 6.4) during thermal cycling. However, slight changes in the consti-
tuting phases were found by examination with XRD of thermally cycled specimens of Ti-39.5Nb
as shown in Fig. 6.19. Both the initial state at RT and the microstructure after one full thermal
cycle (heating to 1150°C and back to RT with 10°C/min) almost entirely consist of metastable
β phase. In the initial state small amounts of martensite α′′ are present while α′′ is not detected
after cycling. Instead, the intensity increase at Q ≈ 2.84 A˚−1 in Fig. 6.19b after cycling suggests
the formation of α during cooling. Phase reactions such as the precipitation of α and/or ωiso are
associated with a change of the β-stabilizer content of β and in this way alter the Ms temper-
ature. Thereby, α and ωiso precipitation lead to instabilities in the martensitic transformation
temperatures [201]. These demixing processes lead to a relatively fast cyclic degradation of
Ti-Nb based SM alloys despite the slow Nb diffusivity.
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6.4 Transformation temperatures and heats of the β ↔ α′′
martensitic transformation
Technologically most relevant with respect to applications in biomedicine, in which the human
body dictates the operating temperature, are alloys with martensitic transformation temper-
atures close to RT and 37°C. In the Ti-Nb system, these are alloys with Nb content around
40 wt.% as apparent from the phase diagram (Fig. 2.9) and analysis of the HQ alloys (Fig. 4.4).
6.4.1 Transformation temperatures
To determine the temperatures of martensite formation and reversion (Ms, Mf , As, Af ) ad-
ditional DSC measurements were performed on Ti-(36-39.5)Nb alloys which are presented in
Fig. 6.20. For every alloy the initial measurement segment, which is not shown in these graphs,
consisted of cooling the sample down from RT to at least 20°C below Mf . This was followed by
one thermal cycle each consisting of heating 0−50°C above Af and cooling back below Mf . From
the heat flow curves the start and finish temperatures of the transformations were read off as
the first and last visible deviation from the baseline, respectively [211], as indicated in Fig. 6.20
for Ti-36Nb. The start temperature for martensite reversion As in the alloys Ti-(26-33)Nb was
determined from the heat flow curves in Fig. 6.1.
The temperatures of the forward and reverse martensitic transformation β ↔ α′′ together
with data points from the literature [24, 40, 61, 71, 90, 95, 97, 125, 127, 212] appear in
Figs. 6.21 and 6.22. The Ms values measured in the present study (Fig. 6.21) are found within
±30°C of the Ms line given by Prabha et al. [90]. A similar scatter is observed for the As and Af
values of the present study (Fig. 6.22) when compared with the data points from the literature
[40, 61, 71, 125, 127]. Our As and Af values are similar to those in [40, 61, 71, 127] but deviate
from those of [125].
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Figure 6.20: Heat flow curves (solid lines) of the first thermal cycles of Ti-(36-39.5)Nb
alloys showing the martensite reversion upon heating and martensite formation upon cooling.
Dashed-dotted lines represent the instrumental baseline. The temperatures for martensite
formation and reversion (Ms, Mf , As, Af ) in Ti-36Nb are indicated on the heat flow curve.
For Ti-39.5Nb two measurements on individual samples were performed, one up to 150°C
and another one up to 250°C. Heating and cooling rates of 20°C/min are used.
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Figure 6.21: Influence of Nb content on the martensite start and finish temperatures, Ms
and Mf , in Ti-Nb alloys with Ms < 400°C. The solid line indicates the curve obtained by
Prabha et al. [90] and which is also shown in the phase diagram in Fig. 2.9.
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Figure 6.22: Influence of Nb content on the austenite start and finish temperatures, As
and Af , in Ti-Nb alloys with Ms < 400°C.
From the Ms, Mf , As and Af values obtained in the present study the corresponding T
β/α′′
0
temperature, the undercooling, the transformation intervals and hysteresis width were calculated
and the results are given in Tab. 6.2. The temperature at which the parent β phase and
martensite have equal free enthalpies is estimated according to T
β/α′′
0 = (Ms +Af ) /2 [82,
172]. The corresponding values are shown together with the transformation temperatures in
Figs. 6.21 and 6.22. The measurements show that an undercooling, given by T
β/α′′
0 −Ms, of
≈ 35°C is required to initiate the transformation.
The transformation interval, in other words the temperature range across which the trans-
formation proceeds and which is given by Ms −Mf for the forward and by Af − As for the
reverse transformation, extends across ≈ 60°C for both transformation directions (Table 6.2).
The width of the thermal hysteresis, which is directly related to the energy dissipation and given
by the difference between the temperatures of the forward and reverse transformation (measured
for example by As −Mf or Af −Ms), turns out to be ≈ 70°C. Compared to the martensitic
transformation of cubic B2 into orthorhombic B19 in Ti-Ni-Cu alloys the temperature hysteresis
in Ti-Nb alloys is thus larger by > 50°C [213]. The larger hysteresis indicates an increased
energy dissipation because of friction during interface motion in Ti-Nb alloys. Variations of the
Table 6.2: Observed undercooling, temperature interval of transformation and hysteresis
width of the β ↔ α′′ martensitic transformation in Ti-Nb alloys with Nb content from
36− 40 wt.%. Values following ± denote the standard deviation. All values are given in °C.
Undercooling Transformation interval Thermal hysteresis
(T
β/α′′
0 −Ms) (Ms −Mf ) (Af −As) (As −Mf ) (Af −Ms)
35± 11 64± 23 60± 15 74± 13 71± 21
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undercooling, the transformation intervals and the hysteresis width as a function of Nb content
were not found, probably because of the large scatter of the experimental Ms, Mf , As and Af
values in Figs. 6.21 and 6.22. Neither differences between the transformation intervals of the
forward β → α′′ and the reverse α′′ → β transitions are apparent. As pointed out previously
(Sections 6.2 and 6.3) and indicated in the literature, β-stabilized SM Ti-alloys are subject to
fast degradation upon thermal cycling leading to an unstable SM effect [201]. The reason for
this degradation is the enrichment of the β phase with β-stabilizing species and concurrent low-
ering of Ms during the precipitation of ωiso and α phases. The higher the β-stabilizer content
the less vigorous the precipitation reaction of ωiso in β0 becomes upon heating above As, as
observed in the DSC and dilatometry scans in Figs. 6.1 and 6.3. For alloys with Nb contents
> 38 wt.% no precipitation reactions were detected by DSC. Nevertheless, even if not seen by
DSC demixing processes that lower Ms seem to take place, as evident from the DSC heat flow
curves in Fig. 6.20. Heating Ti-39Nb from below Mf to 20°C above Af results in martensite
formation during cooling at around 10°C. However, when heated to 120°C above Af marten-
site does not form on subsequent cooling suggesting that demixing of the β-phase occurred at
elevated temperatures.
6.4.2 Transformation heat
In Fig. 6.23 the amount of heat absorbed and released during the reverse and the forward
martensitic transformation, Qα
′′→β andQβ→α′′ , is shown. The transformation heat is determined
from the areas enclosed by the calorimetric signals and the baseline segments of the DSC curves
in Fig. 6.20. The absolute value of the heat exchange in the alloys studied ranges from 1 J/g
to 8 J/g and decreases with increasing Nb content. Compared to the B2→B19 and B2→B19’
martensitic transformations in TiNi and its alloys, the transformation heat of all Ti-Nb alloys,
for which the heat exchange associated with β ↔ α′′ is quantified in this work (Fig. 6.23), is
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Figure 6.23: The heat exchanged during the β ↔ α′′ martensitic transformation in Ti-Nb
alloys with Ms close to RT.
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smaller than in the TiNi-based alloys [214]. In a calorimetric measurement the heat exchange Q
recorded during a thermally induced martensitic transformation results from three contributions
[83]: (i) the chemical enthalpy change ∆H (latent heat of transformation) due to the change
in crystal structure, (ii) the elastically stored strain energy Eel and (iii) the frictional work Efr
dissipated during the transformation. The signs of ∆H and Eel, and consequently of Q, depend
on the transformation direction (A→M or M→A) whereas Efr always causes heat absorption
by the specimen:
QA→M = −∆H + Eel + Efr < 0 (6.1)
QM→A = ∆H − Eel + Efr > 0 (6.2)
The variables ∆H, Eel and Efr in these equations denote absolute values. The elastic strain
energy Eel, besides the frictional work Efr, significantly influences the heat exchange measured
in a calorimeter. If the volume and shape change of the transformation can be largely or entirely
accommodated in an elastic way (as typical for alloys exhibiting SM effect and/or SE) the arising
elastic strain energy will be dominating over the frictional heat dissipation [83]. During the
forward transformation (A→M) part of the enthalpy change −∆H is not released as heat but
stored reversibly as elastic energy Eel in the specimen. By the reverse transformation (M→A)
this energy aids the transformation and hence less heat is absorbed by the specimen from the
environment.
Based on these qualitative considerations, the reduction of the amount of heat exchanged as
measured by DSC in Fig. 6.23 cannot be attributed to the lattice strain and volume change
associated with the β ↔ α′′ transition (Fig. 4.9 and Fig. 4.11 on page 67). The lattice strains
(except for the second principal strain η2) and the volume change increase with decreasing Nb
content for cNb < 40 wt.%. Assuming the lattice strains and volume changes are accommodated
elastically in the microstructure the absolute value of elastic strain energy Eel is expected to
increase towards the Ti-rich alloys. Consequently, if ∆H and Efr are held constant the absolute
values |Qα′′→β| and |Qβ→α′′ | should be smaller in alloys containing less Nb content. However, the
contrary is observed (Fig. 6.23) and hence the factor responsible for the increase in |Qα′′→β| and
|Qβ→α′′ | is likely the enthalpy difference ∆H between β and α′′. Another origin for the behavior
of the transformation heat may be an incomplete β → α′′ martensitic transformation. The total
amount of heat released and, conversely, taken up during a martensitic transformation is directly
proportional to the transformed volume fraction. Hence, if undercooling cannot provide enough
driving force to transform all austenite into martensite a lower amount of heat will be released
on martensite formation and less heat absorption is required upon martensite reversion.
6.5 Chapter summary
This chapter examined the thermal stability of martensitic Ti-Nb alloys and analyzed the oc-
currence of phase transformations during isochronal thermal cycling. Emphasis was placed on
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the decomposition of the martensitic phases upon heating and precipitation reactions occurring
during slow heating into the β-phase field and subsequent cooling.
Three distinct transformation and precipitation sequences were encountered upon heating,
depending on the Nb content:
 At low Nb content, for cNb 6 23.5 wt.%, no martensite reversion was observed and instead
α′′ decomposed directly into α and β phases. Further heating led to α transforming back
into β. Decomposition of α′′ involved the formation of Nb-depleted α′′lean and Nb-enriched
α′′rich martensite volumes. The α
′′
lean volumes evolve continuously into the α phase, as
evidenced by gradual changes in the lattice parameters of α′′lean.
 For intermediate Nb contents (26 wt.% 6 cNb 6 36 wt.%) α′′ reverted martensitically back
to β0. This was followed by substantial precipitation of ωiso, which happened in a vigorous
manner in the Nb-lean alloys. At around 485°C ωiso transformed into β, which in turn
precipitated α, if the kinetics allowed for it. Durinng further heating, α transformed back
into β.
 At high Nb contents in alloys with Ms close to RT (cNb > 38 wt.%), no precipitation reac-
tions were detected during heating. However, instabilities of the β ↔ α′′ transformation
indicate the occurrence of chemical demixing processes in β.
ωiso as an intermediate precipitation product only formed when martensite reversion occurred.
In compositions where α′′ did not revert back to β0 in a martensitic manner (cNb < 23.5 wt.%)
ωiso was absent and thus it seemed that the formation of α from α
′′ was thermodynamically
favored over the formation of ωiso in these compositions. In all cases formation of ωiso was
associated with a reduction of the overall volume of the microstructure.
It was also found that raising the temperature towards As causes α
′′ to become structurally
more similar to β. During slow cooling (10°C/min) from the β-phase field only very limited
amounts of martensite α′′ formed and the dominating reactions were the precipitation of α for
cNb 6 28.5 wt.% and the precipitation of ωiso for cNb > 31 wt.%.
The thermal hysteresis and the transformation interval of the β ↔ α′′ martensitic transforma-
tion amounted to ≈ 70°C and ≈ 60°C, respectively. The absolute values of the transformation
heats |Qα′′→β| and |Qβ→α′′ | decreased with Nb content and the origin may be either found in
a likewise decrease of the enthalpy difference (∆H) between β and α′′ with Nb content or an
incompleteness of the β → α′′ transformation.
7 Conclusions and outlook
The main objective of this work was to establish and to understand the correlation between
the Nb content, the crystal structure, the mechanical behavior and the thermal stability of
martensitic Ti-Nb alloys. The main conclusions are highlighted below and possible directions
for future studies are suggested at the end of this chapter.
Conclusions
Fifteen binary Ti-Nb alloys with Nb contents between 9 and 44.5 wt.% were prepared by a
combination of arc-melting and cold-crucible casting. The martensitic microstructures were ob-
tained by a two-step heat treatment, consisting of a 24 h homogenization in the high temperature
β-phase field followed by water quenching.
 Structural investigations based on the analysis of X-ray diffraction data revealed the
impact of the Nb content on the lattice (Bain) strain, on the volume change, and on the
displacement of atoms on the (002)α′′ plane upon the martensitic β → α′/α′′ transforma-
tions. The results show that while the lattice parameters of α′ are only weakly or not at
all influenced by the Nb content, they vary strongly in α′′ as a function of Nb content.
Correspondingly, a similar behavior is encountered for the lattice strains, which are prac-
tically independent of Nb content for β → α′, but decrease in magnitude with Nb content
for β → α′′. The greatest lattice strains occur for β → α′, where the two largest of the
three principal strains are about ±10%. Examination of the transformation volume change
indicates its potential influence on whether hcp martensite α′ or orthorhombic martensite
α′′ forms on rapid cooling of β. The volume change related to the β → α′/α′′ martensitic
transformations is positive for all alloy compositions containing < 40 wt.% Nb. It attains
a maximum value of +1.1% in alloys close to the α′/α′′ boundary located at cNb ≈ 14 wt.%
and becomes negative for the formation of α′′ in alloys containing > 40 wt.% Nb. What
is more important, in the vicinity of the α′/α′′ boundary at cNb = 13.9 wt.% the volume
changes related to β → α′ and to β → α′′ are equal and to both sides of this composition
the martensite phase exhibiting the lower volume expansion is found experimentally in
the HQ alloys. Thus, the elastic strain energies related to the volume change potentially
influence whether hcp martensite α′ or orthorhombic martensite α′′ forms on rapid cooling
of β. Additionally, composition dependent atom shuﬄes were revealed for the β → α′′
martensitic transformation, whereby the shuﬄe magnitude sensitively responded to the
Nb content. These shuﬄes manifest themselves in varying positions of the atoms on the
(002)α′′ plane along [010]α′′ as the Nb content is changed. The position of the atoms on the
(002)α′′ plane as a function of Nb content is in agreement with the β-stabilizing nature of
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Nb, i.e. Nb-lean α′′ is structurally similar to hcp α′, while Nb-rich α′′ is structurally closer
to β. The atom shuﬄes and the position of atoms on the (002)α′′ plane need to be taken
into consideration in future studies of physical properties of the orthorhombic martensite
α′′ and of the interface coherency and energy in α′′-martensitic microstructures.
 The deformation behavior and mechanical properties of martensitic Ti-Nb alloys were
examined by a complementary set of methods including monotonic and cyclic compression
tests, nanoindentation, microhardness and IET measurements. These methods revealed a
strong influence of the Nb content on the elastic moduli (E, G) and yield strength σ0.2.
Low elastic moduli E ≈ 65 GPa and G ≈ 23 GPa can be realized in the alloy Ti-16Nb
which exhibits an α′′-martensitic microstructure. Increasing the Nb content causes the
moduli to rise and form maxima in Ti-28.5Nb of E ≈ 83 GPa and G ≈ 30 GPa, from
where on both moduli fall again towards Ti-40Nb giving rise to W-shaped curves when
E and G are plotted against the Nb content. These results are in agreement with the
literature and the minimum values of the elastic moduli are located in the vicinity of the
limiting concentrations, bounding the interval in which orthorhombic martensite α′′ forms
by rapid cooling. Hardness and strength follow the same W-shaped behavior in relation
to the Nb content, however, the results show that the first minimum of these quantities
lies ≈ 5 wt.% Nb above the lower composition limit of α′′ formation at cNb ≈ 14 wt.%
and thus clearly off the α′/α′′ boundary. These results indicate that the alloy Ti-16Nb
is a promising base composition for the development of novel low-stiffness materials for
load-bearing orthopedic implants that benefit from the low elastic moduli of this alloy.
Uniaxial cyclic compressive tests demonstrated that the loading modulus El of Ti-(18.5-
26.5)Nb alloys exhibiting α′′-martensitic microstructures was lowered by 20 to 25 GPa
upon straining to 4.5%. Experimental evidence revealed three scenarios leading to such
a behavior. These are (i) the change of the macroscopic texture by martensite reorien-
tation coupled with an elastic anisotropy of α′′, (ii) the activation of anelastic deforma-
tion mechanisms and (iii) the deformation-induced formation of β-phase from α′′. While
martensite reorientation and increased anelasticity are characteristic for internally twinned
martensitic microstructures, such as those in the Ti-Nb alloys studied in this work, the
deformation-induced formation of β from α′′ represents a novel deformation mechanism of
these microstructures.
 The thermal stability of martensitic Ti-Nb alloys was studied by a combination of DSC,
dilatometry, XRD and in-situ synchrotron measurements aided by additional microstruc-
tural information gained by TEM. The results revealed the occurrence of a large variety
of phase transformation sequences during isochronal heating into the β-phase field. In
alloys containing 6 23.5 wt.% Nb, the orthorhombic martensite α′′ decomposes directly
into the hcp α and bcc β phases without reverting martensitically to austenite β0. The
in-situ synchrotron measurements during heating revealed that in this process diffusional
demixing leads to Nb-depletion of α′′ and the formation of Nb-lean α′′lean. As it expels Nb,
the structure of α′′lean continuously evolves into that of α. The formation of β going on
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in parallel with the formation of α either takes place via the development of Nb-enriched
α′′rich, which continuously evolves into β, or via nucleation. Reversion of α
′′ into β0 occurs
in alloys containing > 26 wt.% Nb . In the Nb-lean alloys out of these alloy compositions
martensite reversion is immediately followed by vigorous precipitation of ωiso. ωiso forma-
tion becomes less pronounced in Nb-rich alloys exhibiting low martensitic transformation
temperatures. Instabilities of the β ↔ α′′ transformation temperatures indicate the oc-
currence of demixing processes in alloy compositions containing > 38 wt.% Nb, although
these demixing processes did not produce a detectable heat release. The precipitation of
ωiso results in a volume contraction and heating up the ωiso + β microstructure above the
maximum temperature of stability of ω (485°C in Ti-Nb [32]) correspondingly gives rise
to a volume expansion.
In-situ synchrotron measurements at elevated temperatures showed that temperature af-
fects the structure of the orthorhombic martensite α′′ in the same way as the Nb content.
By raising the temperature, as well as by increasing the Nb content towards As, the struc-
ture of α′′ increasingly deviates from the structure of the hcp martensite α′ and becomes
more similar to the structure of the bcc β austenite.
Associated with the β ↔ α′′ transition in the Ti-(36-39.5)Nb alloys studied in the present
work, a relatively large transformation interval and thermal hysteresis of ≈ 60°C and
of ≈ 70°C, respectively, were revealed. The absolute values of the transformation heats
|Qα′′→β| and |Qβ→α′′ | decrease strongly with increasing Nb content. The origin of this be-
havior is either a decreasing enthalpy difference ∆H between β and α′′ as the Nb content
is raised or an incomplete β → α′′ transformation.
Due to the similarity of the β-isomorphous Ti-systems various results obtained in this study on
the basis of Ti-Nb potentially apply in a similar manner to the other β-isomorphous systems
Ti-V, Ti-Ta, Ti-Mo and Ti-W [2]. In particular, the influence of β-stabilizers on the crystal
structure of the orthorhombic martensite α′′ and the atom positions on the (002)α′′ plane may
be transferred in a qualitative sense to the other β-isomorphous systems assuming that the
governing factor is the effective number of valence electrons e/a. To prove the universal validity
of this behavior, alloys of the Ti-V, Ti-Ta, Ti-Mo and Ti-W systems should be synthesized and
the crystal structure of α′′ studied, as in Section 4.3.4.
Outlook
Based the findings of this study, several research aspects deserve closer attention in future
investigations. The most important ones are:
 The elastic anisotropy of orthorhombic martensite α′′. The directional dependence of
Young’s modulus E of α′′ is unknown, despite the high relevance for the mechanical be-
havior of partially and fully α′′-martensitic alloys. Ab-initio calculations of the elastic
constants of α′′ may help to examine this anisotropy.
 The dependence of the lattice strain and the volume change associated with the β →
α′/α′′ martensitic transformations on the β-stabilizer content in other β-isomorphous Ti-X
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systems forming orthorhombic martensite α′′ (X = V, Ta, Mo, W) should be investigated.
Also, the role of elastic strain energies on the energy balance of the β → α′/α′′ martensitic
transformations needs to be examined.
 The alloy Ti-16Nb exhibits already a quite low E ≈ 65 GPa and modification with minor
ternary additions may allow to obtain bulk alloys with an E that matches more closely that
of human bone (Ebone 6 30 GPa). Therefore, the influence of ternary alloying elements
on the Young’s modulus E of Ti-16Nb should be investigated. However, because of its
reduced yield strength (σ0.2) the alloy design and (thermo)mechanical processing have to
be optimized with regard to a good balance between low E and high σ0.2.
 Further in-depth investigation of the deformation mechanisms of martensitic Ti-Nb al-
loys. Mechanisms such as martensite reorientation by detwinning and dislocation slip
potentially compete with each other during deformation. Furthermore, the results of this
study indicate the possibility of a stress-induced α′′ → β transformation during straining
of martensitic Ti-Nb alloys (Section 5.5.2). In-situ diffraction studies coupled to texture
measurements and detailed TEM analysis of deformed microstructures may help determine
the prevailing mechanisms at different strain/stress levels.
 The origin of the decrease of the transformation heat related to the β ↔ α′′ martensitic
transformation (Section 6.4.2) upon Nb addition in Nb-rich alloys. Examination of the
transformation heat of β ↔ α′′ in the Nb-poor alloys could reveal additional information.
 Heating of α′′-martensitic alloys above Af to induce martensite reversion and precipitation
of α and/or ωiso. In this way [31], new microstructures consisting of β and α and/or
ωiso exhibiting interesting superelastic properties may be obtained. This may lead to
new Ni-free β-stabilized Ti-based alloys with improved superelasticity. The heating-rate
dependence of thermal decomposition and transformation pathways of martensitic Ti-Nb
alloys may be investigated, too.
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